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Abstract. Experimental results and theoretical concepts of
anomalous phase transformations in alloys under severe plas-
tic deformation (SPD) are reviewed. The unconventional
phase and structural state of alloys that emerges as a result
of SPD determines the unique combination of physical and
chemical properties that is of interest for various applications
in technology. The driving forces and possible mechanisms
that implement the anomalous transformations as a function
of SPD intensity, alloy composition, and temperature are
discussed. We distinguish among these mechanisms two fun-
damental and qualitatively different ones that are due to:
(i) direct ‘mixing’ of atoms in slip bands or (ii) accelerated
diffusion on defects under locally alternating thermodynamic
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conditions and subsequent ‘freezing’ of the nonequilibrium
state that is reached. Summarizing the experimental data
and theoretical concepts regarding the change in microscopic
transformation mechanisms as a function of temperature and/
or intensity of treatment, we suggest a diagram of nonequili-
brium stationary states attainable during the development of
phase and structural instability under SPD. The proposed
approach enables the prediction of the structural state of
alloys and compounds by controlling thermodynamic and
kinetic parameters of the system.

Keywords: severe plastic deformation, mechanical alloying,
disordering, amorphization, grain boundary segregation, me-
chanical mixing

1. Introduction

Severe plastic deformation (SPD) is an efficient technique to
obtain nanocrystalline materials with a grain size of 100—
300 nm in pure metals and less than 20 nm in alloys [1-4],
along with a unique combination of physicochemical proper-
ties. Increased attention has been drawn in recent decades to
unconventional solid-phase transformations and structural
states, which occur under severe deformation or subsequent
heat treatment. They include disordering [5-10] and amor-
phization [8, 9, 11-19], a reduction in oxides up to pure metals
[20, 21], the formation of solid solutions in systems with
negative [9, 22] and positive enthalpy of mixing (anomalous
mechanical alloying) [13, 23-27], the competition between
formation and decomposition of solid solutions with a
transition to a stationary dispersed state [28-30], the dissolu-
tion of particles of intermetallics [31, 32], oxides [33-35],
carbides [36, 37], and nitrides [38, 39] in steels and alloys, a
rapid realization of low-temperature equilibrium or meta-
stable phases [40—43], the formation of wide grain-boundary
segregations [44—48] and grain-boundary layers [49], abnor-
mal decomposition with the formation of nonequilibrium
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phases [50-52], and amorphization/nanocrystallization or
decomposition/mixing cyclic reactions [53, 54]. The attained
state of the alloy is ‘frozen’ after the termination of the
external influence, which determines the technological attrac-
tiveness of this method for processing materials.

A deep understanding of the processes that develop under
SPD is of great practical importance. For example, the idea to
enhance the hysteresis properties of permanent magnets based
on 4f-3d-metals by means of mechanical activation turned out
to be invalid, since alloys undergo a crystal-amorphous state
phase transition before a high-coercive state is attained
[11, 12]. Similar phase transitions are observed in the process
of mechanical activation in exchange-enhanced systems,
which are a mixture of soft magnetic phases and a highly
anisotropic component. Subsequent annealing that partially
restores the structure may further enhance the undesired
decomposition of the system, thus degrading the properties
of both single-phase and exchange-enhanced permanent
magnets. Thus, the phase instability of the system is a factor
that controls its physical properties.

The materials obtained using SPD techniques feature high
strength, corrosion and radiation resistance, and special
electrical and magnetic properties (for example, Co,Ge and
GdAl, ferromagnetic alloys transform from an amorphous state
into spin glasses) [9, 55, 56]. Dispersion-hardening alloys based
on iron, nickel, and aluminum, which are obtained by mechan-
ical alloying, are applied in aerospace technologies (turbine
blades, combustion chambers) owing to their high corrosion
resistance and hardening effect due to the presence of dispersed
oxide precipitates [13]. Mg-Fe (Cu, Cr) alloys obtained by
mechanical alloying are widely used as fuel cells owing to the
high reaction rate upon contact with an electrolyte (such as sea
water) [13]. Structural changes that occur in the process of
mechanosynthesis also significantly affect the biopharmaceuti-
cal properties of manufactured drugs, such as solubility,
hygroscopicity, and, in certain cases, their toxicity [57].

Despite the large number of studies, a comprehensive
understanding of phase and structural transformations under
SPD is still lacking. There is no doubt that a prerequisite for
the development of abnormal transformations is a certain
intensity of external deformation, which is usually accom-
panied by a refinement of the structure and a transition to a
nanograin state. However, the specific mechanisms that
determine the formation of the phase and structural state
under SPD conditions or subsequent annealing are a matter
of discussion. For example, anomalous mechanical alloying
in systems that are thermodynamically prone to decomposi-
tion (Fe—Cu, Cu—Co, Fe-Pb, etc.) is explained by direct
mixing due to shears in intersecting planes [58, 59], the
interaction of precipitates with dislocations [32, 60, 61],
dissolution of subcritical precipitates in the process of
grinding grains [26], and a shift of the phase diagram to the
high-temperature region due to the accumulation of defects
[62]. Therefore, classification of abnormal transformations
under SPD and identification of the conditions, driving
forces, and microscopic mechanisms of their implementation
remain relevant issues.

We analyze in this review accumulated experimental data
to show that the concepts based on the mechanism of direct
mechanical mixing of atoms are insufficient to explain the
entire set of facts concerning the development of phase
transformations under SPD. Mass transport in the region of
crystal lattice defects (dislocations and grain boundaries) can
play a decisive role at moderate temperatures in the develop-

ment of phase transformations. A transformation (for
example, disordering or dissolution of precipitates) occurs in
this case locally in the region of a structural defect, under
altered thermodynamic conditions (compared to those in the
bulk), and the attained state is frozen after the displacement
of the defect due to the low rate of bulk diffusion. The alloy
can, as a result, move away from thermodynamic equilibrium,
even in the absence of mechanical mixing.

Based on an analysis of experimental data and existing
concepts, we propose considering the formation of non-
equilibrium states of the alloy as a result of dissipation of
the supplied mechanical energy through an available channel
(diffusion redistribution of alloy components, slip of disloca-
tions, refinement of the grain structure, low-temperature
dynamic recrystallization, etc.), the implementation of
which depends on temperature and intensity of processing.
Direct mixing prevails at low temperatures and intense plastic
deformation, which leads to amorphization and mechanical
alloying. At high temperatures and weak deformation, bulk
diffusion facilitates the formation of equilibrium phases. In
processing at moderate temperatures, nonequilibrium trans-
formations may occur due to accelerated mass transport
along dislocations and grain boundaries under conditions of
frozen bulk diffusion.

A conceptual basis arises as a result for the classification
of abnormal phase transformations in the temperature-
intensity coordinates, which is based on the general princi-
ples of nonequilibrium thermodynamics. This allows an
explanation from a unified standpoint of a large set of
experimental observations and the prediction of the mechan-
ism that drives development of phase or structural instability
of an alloy under SPD with relevant relaxation mechanisms
taken into account.

2. Scenarios and mechanisms
of phase transformations in alloys subjected
to severe plastic deformation

The variety of structural and phase transformations observed
under severe deformation is due to the significant dependence
of the evolution of the system, which is far from the
equilibrium state, on external conditions. Many authors note
the qualitative similarity between transformations that occur
under SPD and irradiation [14, 32, 63]. However, the processes
that occur under SPD have their own specifics and are less
studied. As the intensity of the deformation increases, the
average grain size decreases, and the dislocation deformation
mode is replaced by the rotational mode [64], which, in the
opinion of the authors of [65], also degenerates when the grain
size attains ~ 200 nm. The decisive role is played in the
nanocrystalline state by processes that occur in the region of
grain boundaries (grain boundary diffusion and the formation
of segregations [66], grain boundary sliding [67], low-tempera-
ture dynamic recrystallization [65]), the structure of grain
boundaries being strongly distorted (nonequilibrium) [3].
SPD leads also to an intense generation of point defects
(vacancies and interstitial atoms [68, 69]). The concentration
of vacancies attains in this case pre-melting values (~ 107%)
[70-74], enabling diffusion even at low temperatures.

2.1 Stationary state under severe plastic deformation

An important feature of SPD is that the sample cannot be
destroyed in the process of deformation, and its shape
remains more or less unchanged. This is especially true in



August 2020

Nonequilibrium phase transformations in alloys under severe plastic deformation 735

the case of high-pressure torsion (HPT). The small disc
between two anvils retains its shape, regardless of the
number of revolutions of anvils. While the anvils withstand
about 20 revolutions under HPT of Nd—Fe—B alloys [75, 76],
in the case of soft alloys based on aluminum or copper, HPT
can last up to several hundred or even thousands of
revolutions of the anvils [77-80]. The number of lattice
defects (vacancies, dislocations, grain boundaries) increases
as expected in the course of deformation. However, this
process does not develop at a constant rate with multiple
revolutions of the anvils. Relaxation begins even if SPD
occurs at room temperature when the bulk diffusion coeftfi-
cients do not exceed 10730~ 10740 m? s~!. (It should be noted
that SPD usually occurs just at room temperature, and
samples hardly heat up during processing [81, 82]: direct
measurements show that the sample temperature during HPT
does not exceed 40°C [83, 84].) The rate of relaxation
(annihilation) of defects increases as their concentration
grows, until a steady state is attained, at which the rate of
defect formation is equal to the rate of their annihilation
[85, 86]. The easiest way to observe the onset of the steady
state is to measure the torsion torque during HPT. It increases
during the transient stage, but is quickly saturated after 1-1.5
revolutions for alloys based on aluminum, copper, or even
titanium [83, 85, 87, 88]. In the case of harder alloys, such as
Nd-Fe-B, the torsion torque stops increasing after 2-2.5
anvil revolutions [75, 76, 85].

Apart from the torsion torque, other physical properties
or structural parameters are saturated at the steady state.
Thus, under deformation of a material with a grain size of
several millimeters, the grains are rapidly refined to several
hundred nanometers [2, 89-91], and, if deformation con-
tinues, their size attains a steady-state value [86, 92-95],
which depends on the SPD regime. The smallest grain size in
copper and copper-based alloys, about 15 nm, is attained by
grinding in a ball mill (Fig. 1) [96]. The second most efficient
method of grain refinement is HPT [87, 97-102]. This is
followed by planar twist channel angular extrusion
(PTCAE) [103], equal channel angular pressing (ECAP)
[100, 104], ECAP followed by HPT (ECAP+HPT) [100],
ECAP followed by the cold rolling (ECAP+ CR) [105],
simple shear extrusion (SSE) [106,107], and the constrained
groove pressing (CGP) [108].

The same trend is typical of aluminum and its alloys [109].
The stationary grain size also depends on pressure, strain rate,
and HPT temperature [85, 86]. It decreases with an increase in
the melting temperature, atomic bond energy, specific heat,
and self-diffusion activation energy [86, 110]. It should be
emphasized that the stationary grain size may be attained not
only ‘from above’ but also ‘from below’. For example, the
grain size quickly attains 15-20 nm under HPT of coarse-
grained steel [94, 111-117] (Fig. 2). If a sample of nanocrystal-
line steel with a grain size of 10 nm, which is obtained by
mechanical alloying, is deformed, the grains do not decrease,
but increase under SPD to attain the same stationary value of
15-20 nm (see Fig. 2) [77]. A similar phenomenon has been
observed in nickel [118, 119].

There is a large amount of data on Vickers microhardness
during and after SPD for steels and alloys of aluminum,
titanium, and magnesium [78, 84, 95, 120-132]. Typically, the
microhardness increases during SPD [78, 84, 95, 120-132],
which correlates with tensile strength [122, 125]. This is true
for both the rotation angle at HPT and the number of ECAP
passes [127]. The main mechanism here is Hall-Petch hard-
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Figure 1. Stationary grain size in copper under various SPD modes: 1 —
ball milling (BM) [96], 2— high pressure torsion (HPT) [87, 97-102], 3—
planar twist channel angular extrusion (PTCAE) [103], 4 — equal channel
angular pressing (ECAP) [100, 104], 5— ECAP + HPT [100], 6—equal-
channel angular extrusion followed by cold rolling (ECAP + CR) [105],
7—simple shear extrusion (SSE) [106, 107], 8 —constrained groove
pressing (CGP) [108].
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Figure 2. Grain size as a function of the number of revolutions of the anvils
for a sample of pure coarse-grained steel (dots) [112] and nanocrystalline
steel obtained by mechanical alloying (squares) [77].

ening due to grain refinement [133]. The few exceptions only
confirm this conclusion. For example, Hall-Petch hardening
competes in Al-Zn alloys with the softening caused by the
decomposition of the solid solution (Al), as a result of which
the alloy becomes softer after HPT than prior to it [97, 121,
134, 135]. Similar to the grain size, hardness is also a function
of the material and SPD regime. For example, if the purity of
aluminum is increased, a transition from hardening to soft-
ening is observed under HPT [136], i.¢., if the initial hardness
of the alloy is higher than the stationary value, softening
rather than strain-hardening is observed under SPD [134].

In copper, a decrease in grain size and an increase in Vickers
microhardness after HPT, ECAP, and accumulative roll
bonding (ARB) correlate with an increase in electrical
resistivity [127]. It is important to emphasize that various
properties (grain size, hardness, torque, lattice parameter,
resistivity, etc.) do not reach a steady state simultaneously.

2.2 Disordering and amorphization of alloys
The disordering of alloys under mechanical milling condi-
tions was first discovered in Fe—Pt and Co—Pt systems [5], and
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the phenomenon of amorphization in Y—Co [11] and Gd—Co
[12] intermetallics. These studies stimulated interest in
subsequent decades in unconventional phase transforma-
tions under SPD. Amorphization was also discovered
shortly thereafter in mechanical alloying of a mixture of
powders of pure Nb—Ni [15] and Ti—Ni [17] components.
The results of further experimental studies are summarized in
reviews [8, 9, 13, 14].

Despite the qualitative similarity between the final
structural state upon amorphization of intermetallics (Y—Co,
Gd—Co) and mechanical alloying of a mixture of powders
(Nb-Ni, Ti—Ni), there is a striking difference in the forces that
drive these transformations [9]. The formation of amorphous
solid solutions in systems with negative enthalpy of mixing
leads to a decrease in the free energy of the system, and this
phenomenon can be explained in terms of equilibrium
thermodynamics. However, the disordering and amorphiza-
tion of intermetallics are accompanied by an increase in free
energy, so under the effect of plastic deformation, the system
moves away from thermodynamic equilibrium.

Possible driving forces responsible for the amorphization
of intermetallics are listed in [137]: they are the difference
between the enthalpies of the disordered and amorphous
states and the stored energy of defects. A simple empirical
criterion for the realization of an amorphous or disordered
state in the presence of SPD was proposed in [8]: alloys with a
large difference between the atomic radii of the components
and the existence of intermetallics in the equilibrium phase
diagram are prone to amorphization, while disordering
without amorphization occurs in systems with close values
of atomic radii (Fe-Pt, Co—Pt). It should be noted that the
difference between the atomic radii of the components is also
one of the conditions for amorphization under quenching
from the liquid state [138, 139].

A thermodynamic explanation of the amorphization of
intermetallics under SPD observed in many systems (CuZn,
Nb;Sn(Au), CoGa (Al), Co,Ge(Si), etc.), has been proposed
in [9]. The main driving force responsible for this process is an
increment in enthalpy that results from the disordering of the
alloy under SPD. If the enthalpy of the solid solution is less
than that of the amorphous state (for example, in the Nb—-Au
system), only disordering of the intermetallic compound
occurs under the effect of SPD and, as a result, a homo-
geneous solid solution is formed. Otherwise, the disordered
state is unstable with respect to the transition to the
amorphous phase.

A comparison of the enthalpies of a disordered solid
solution and an amorphous state calculated using the
semiempirical Miedema model [140] has shown that this
explanation is adequate in 90% of cases. In another 5% of
cases, the Miedema model gave a negative result, but the
difference between the enthalpies of the amorphous state and
the solid solution turned out to be insignificant, and it can be
compensated by the unaccounted contribution of the energy
of grain boundaries and other defects. On the whole,
however, the contribution of the energy of accumulated
defects was estimated in [140] as insignificant in comparison
to that due to the disordering effect, and it rarely affects the
final result. A disadvantage of this approach is that it ignores
the entropic contribution to free energy. This contribution
can be estimated using, instead of the Miedema model, the
parameterization of free energy in the CALPHAD method
(CALculation of PHAse Diagrams), which is based on the
interpolation of experimental data. A comparison of these

approaches carried out in [13] for Ni-Zr and Ti—Al systems
has shown that the results obtained are sufficiently close, i.e.,
the contribution of entropy appears to be small.

The amorphous state is described in the microscopic
approach either as a quasi-liquid (Bernal and Voronoi
polyhedral models) [141] or as a pseudocrystal with a high
density of defects (in particular, grain boundaries) [142]. The
topological order in amorphous alloys is polytetrahedral,
which is incompatible with the translational symmetry of
crystals but can be achieved by introducing disclinations into
the crystal [143]. Disclination-dislocation models of the
amorphous state were considered in [144], and the concept
of amorphization of alloys in the presence of SPD with the
involvement of rotational modes was first formulated in [145].

At the same time, the kinetics of the transition to the
amorphous state under SPD remains poorly understood. It
was suggested in [146] that these kinetics are athermal, similar
to those in the martensitic transition, which is responsible for
the rapid realization of the transformation at low tempera-
tures. However, the nature of the mechanism that ensures the
cooperative nature of the transformation remains a matter of
discussion. The accumulation of defects is apparently
necessary for realizing the rearrangement of the atomic
structure that ensures a change in the topological order (see
the discussion in [147]). For example, it was experimentally
shown in [148] that amorphization occurs in the Ti—Ni alloy at
the shear band front.

The microscopic mechanism of alloy disordering, which
precedes amorphization, is not entirely clear either. Typical
kinetics of this process are shown in Fig. 3: at elevated
temperatures of mechanical activation, the order parameter
decreases with time and reaches a stationary value (which
depends on the intensity of treatment), and at temperatures
below the critical one, complete disordering occurs. A
possible explanation of this phenomenon proposed in [14]
refers to the atomic order breaking in the process of the slip of
dislocations, the Burgers vector of which differs from the
translation vector in the lattice of an ordered alloy. The
passage of a single superparticle dislocation results in the
emergence of an antiphase boundary (APB). The passage of
many such dislocations in intersecting planes at sufficiently
low temperatures (i.e., in the absence of processes that restore
atomic order) leads to the formation of many intersecting
APBs, extreme fragmentation, and disordering of the alloy.

To analyze this phenomenon, the authors of Refs [9, 14]
employed the model of ballistic atomic jumps [149, 150],
which is more adequate for alloys under irradiation. This
model introduces, in addition to thermally activated diffusive
jumps of atoms, additional jumps between the sublattices,
which only depend on the intensity of the exposure. It follows
from this assumption that, when the critical intensity of
exposure is attained, the ordering completely vanishes. The
ballistic model leads in the general case to the replacement of
the actual temperature in the formula for the free energy with
the effective one [149], which describes the upward shift of the
point on the phase diagram that corresponds to the state of
the alloy,

Teff=T(1+£)> (1)
therm
where I'yy and yerm are the frequencies of ballistic and
thermally activated jumps.

The empirical conclusion regarding the effective shift of
the figurative point of an alloy subjected to SPD to the high-
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Figure 3. Typical evolution of the order parameter in the process of crushing by ball milling the FesyAlsy intermetallic at various temperatures (a) and

various intensities of processing (b) [153].

temperature region of the phase diagram is often valid not
only for disordering, but also for the formation of super-
saturated solid solutions and polymorphic transformations
[62, 151, 152], which additionally stimulated interest in the
Martin’s ballistic model [149]. It was shown in [151] that the
ballistic model is qualitatively valid for various transforma-
tions, including realization of amorphous phases (which are
considered liquid phases in the equilibrium phase diagram).

Equation (1) shows that, if the SPD temperature is
increased without changing the parameters of the deforma-
tion process, the frequency of thermally activated jumps
T'herm increases; therefore, the effective temperature Tegr
decreases. If the SPD temperature decreases, T should
increase. This phenomenon can be clearly seen in the HPT
data for the alloys Ti—48.5 at.% Ni, Ti—50.0 at.% Ni,
and Ti—50.7 at.% Ni [154]. The HPT of equiatomic alloy
Ti—50.0 at.% Ni at room temperature (point ¢ in Fig. 4)
resulted in a completely amorphous state (point 5 in Fig. 4,
Terr=1350°C). The HPT of nonequiatomic alloy Ti—48.5 at.%
Ni at T=270°C (point h) resulted in the formation of a
mixture of amorphous and nanocrystalline phases (point 7,
Terr = 1050°C). If the HPT temperature of the Ti—48.5 at.%
Ni alloy increases to Ter = 1050°C (point 1), a mixture of
nanocrystalline phases alone without an amorphous phase
is formed. This implies that the corresponding point moved
from position 7 in the region &+ L to position 8 in the
two-phase region 6+ 7y, and the effective temperature
decreased to T = 950°C. The HPT of another none-
quiatomic alloy Ti—50.7 at.% Ni at T =200°C (point j)
yields a mixture of amorphous and nanocrystalline phases
(point 9, Ter=1250°C). If the HPT temperature of the alloy
Ti-50.7 at.% Ni increases to 250 °C (point k), a mixture of
nanocrystalline phases alone without an amorphous phase is
formed. This implies that the corresponding point moved
from position 9 in the region & + L to position /0 in the two-
phase region 6 + B and the effective temperature decreased to
Terr = 1100 °C. Therefore, the data obtained in [154] clearly
show that an increase in the temperature of HPT treatment
results in a decrease of Te, which fully corresponds to
Eqn (1).

It should be noted that the conditions for the applicability
of model [14, 149] are very stringent (homogeneity and high
intensity of plastic deformation, weak manifestation of
relaxation processes), which, in our opinion, does not fully

Temperature

Yo A—

Figure 4. Schematic binary phase diagram. Corresponding figurative
points at (elevated) effective temperatures Tegr are shown by numbered
circles. Dotted vertical lines represent the compositions of the various
alloys. Each asterisk with a letter indicates the composition and tempera-
ture of processing of the alloy (normal cooling, SPD, or rapid cooling) (see
details in the text).

agree with the experimental situation. Disordering has been
observed in some studies (see [6]) even at a low intensity of
treatment by rolling or drawing.

The disordering of an alloy during SPD was considered
in [155] in a model that assumes a decrease in the ordering
temperature in the region of structural defects (dislocations,
grain boundaries); disordering occurs in this case at
moderate temperatures locally, through diffusion over
short distances (of the order of the lattice parameter) in
the region of the defect, and the attained nonequilibrium
state is frozen after the displacement of the defect due to the
low rate of bulk diffusion Dgp/Dpux > 1 (Fig. 5a). As a
result, similar to the diffusionless mixing model [14], an
effective shift of the figurative point of the compound to the
high-temperature region of the phase diagram may be
discussed. Disordering is realized most efficiently at a
certain optimal velocity v of motion of the defect (Fig. 5b);
at smaller values of v, the atomic order is restored behind
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Figure 5. (a) Profiles of the order parameter 7 at various moments of time
when the defect moves from the position x/L =1, Dgp/Dpu = 10%.
(b) Degree of ordering averaged over the sample S, =2L~" [|n(r)|drasa
function of the velocity of motion of the defect vgp after the first pass (7,
1) and after five passes (2, 2'); Dgp/Doux = 10*> (curves I, 2), 10°
(curves 1, 2") [155].

the defect, while at large v, the disordering does not have
enough time to occur. Therefore, the degree of ordering
may significantly decrease during dynamic recrystallization,
when active migration of grain boundaries occurs. However,
a high density of defects is not necessarily attained in this
situation.

At the same time, it was suggested in [62, 156] that the
main cause of nonequilibrium transformations under SPD
(including amorphization) is the accumulation of a large
number of structural defects in the bulk of the material. In
the opinion of the authors of [62], it is the accumulated energy
of defects that provides an effective shift of the figurative
point of the alloy to higher temperatures in the phase
diagram. Amorphization occurs if the effective temperature
is in the phase diagram region that corresponds to the liquid
phase. For example, amorphization during SPD in the
Nd;,Fe 4B system is combined in this case with decomposi-
tion, i.e., is probably realized under conditions of rapid
diffusion, which, however, fails to ensure the restoration of
the ordered phase [50, 157, 158]. It should be emphasized that
for a significant effect to be attainable in the approach of
Ref. [62], it is necessary to accumulate many defects in the
bulk of the material, a requirement that does not have clear
experimental evidence.

According to [62, 159], vacancies may play a significant
role in increasing the free energy of the alloy and its transition
to the amorphous state. However, it is difficult to agree with
this assertion, since the presence of a large number of
vacancies uniformly distributed over the sample should
result, primarily, in the acceleration of bulk diffusion and,
consequently, in the restoration of the thermodynamic
equilibrium state.

The authors of Ref. [160] emphasized, in particular, the
possible significant role of nonequilibrium vacancy flows in

the amorphization of alloys under SPD. If there are sources
and sinks of vacancies at the grain boundaries and junctions
that are effective for a long time, the alloy stratifies according
to the mechanism of the inverse Kirkendall effect [161, 162]
due to the difference in diffusion mobility among atoms of
different types. Amorphization occurs if the free energy of the
inhomogeneous alloy is greater than that of the amorphous
state. If, in addition, it is assumed that the spatial configura-
tion of the sources and sinks of vacancies varies slowly, the
attained stratification of the alloy can eventually be replaced
by homogenization, which, according to [160], explains the
cyclic amorphization-crystallization reaction in the Co75Tips
alloy [53].

The approach formulated in [160] involves a number of
assumptions that can hardly be argued for. In particular,
there are no experimental facts that would indicate the
stratification of alloys into layers of various compositions in
the process of amorphization. Moreover, calorimetric studies
have been performed in the Co75Tiys alloy [53] (in which a
cyclic amorphization-crystallization reaction during treat-
ment has been observed) and a number of other systems [9],
in which the amorphous phase only featured a single narrow
peak, which apparently indicates the homogeneity of the
amorphous state.

It is known that amorphization in irradiated crystalline
thin films is explained by the generation and accumulation of
defects (vacancies and interstitial atoms) in the course of
treatment [163, 164]. The crystal—amorphous state phase
transition occurs in this case if the free energy density of the
crystalline phase with defects becomes equal to that of the
amorphous phase. Attempts to extend these concepts to
amorphization of alloys in the presence of SPD have been
made for a long time [156, 165]. However, the energies of
various states estimated in the Miedema model presented in
review [9] show that the main reason for the amorphization of
the alloy under SPD is the transition to a disordered state,
which, in turn, is more likely due to more effective kinetic
factors accompanying SPD rather than to a change in the
thermodynamic properties of the alloy due to the accumula-
tion of defects. This conclusion is indirectly confirmed by the
observation that examples of amorphization of pure metals or
equilibrium disordered alloys under SPD are virtually
unknown.

2.3 Formation of supersaturated solid solutions

and highly dispersed states

2.3.1 Experimental results. SPD is a promising method for
alloying steels and alloys, especially in those cases when it is
not possible to obtain a supersaturated solid solution (SSS)
using an alternative technique [166-168]. In substitutional
alloys with low mutual solubility of components, such as
Fe—Cu[169-175], Fe-Pb[176], Fe-Sn[177], Fe-Mg[178,179],
Cu-Ag [180-182], Cu—Co [183-185], Cu—Cr [186], Cr-Mo
[187], Cu-Ta [188], and Zr-Nb [152], solid solutions are
supersaturated by several tens of percent during processing
at low (7 < 300 K) or moderate temperatures. The final
product may be a homogeneous crystalline phase, a hetero-
geneous state, or an X-ray-amorphous solid solution. At the
same time, the SSS could not be obtained in the Fe—Ag system
even at T =77 K [189]; in Ni-Ag [190] and Cu-Mo [191],
only partial homogenization was observed, while in the
Cu—Co [151], Al-Zn, and Al-Mg [81] systems at 7'~ 300 K,
the SSS obtained by quenching from high temperatures
experienced anomalously fast decomposition.
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Figure 6. Distribution of Cu atoms near the interface between phases that is formed in the process of mechanical alloying in the Fe-Cu system at

T =300 K [173].

The characteristic features of the kinetics of SSS
formation include the emergence of anomalously wide
interphase boundaries [170, 173] (Fig. 6) and the indepen-
dence of the magnitude of the effect on temperature at
T < 300 K [174]; at low temperatures, the degree of dissolu-
tion of precipitates is proportional to the actual deforma-
tion, which is determined by the number of dislocations that
pass through the grain [32, 174].

Of particular interest is the dissolution of precipitates of
various phases in the process of SPD. The dissolution of
carbides during cold deformation of steel has been studied in
detail in [36]. A sequence of transformations has been
observed in high-carbon steel U13 under the effect of SPD:

oFe + FesC — aFe —C - e+ 3+ yFe —C (2)

(when cementite dissolves, solid a- and y-solutions are formed
from which secondary carbides &, y precipitate) [192].
References [37, 112, 193, 194] explored the dissolution of
cementite in steel under SPD. The dissolution of nitrides [38]
and oxides [33-35] in the aFe matrix and other metals was
also investigated. Mechanically induced dissolution of CrN
nitride in the aFe— Ni alloy matrix was used in [39] to obtain
vFe—Cr—Ni—N austenitic stainless steel.

Structural features were observed in SPD of alloys at
moderate temperatures T~ 450 K, which are a consequence
of the competition between the processes that move the alloy
away from thermodynamic equilibrium and normal diffu-
sion, which returns the system to the equilibrium state. For
example, dispersed structures in the form of lamellae were
observed in the Ag—Cu system [29, 30], which retain their
morphological features under intense exposure, a feature
which is a characteristic signature of self-organization
(Fig. 7). The lamella width increased from 1 to 10 nm if
temperature increased from 393 K to 453 K, while at lower
temperatures a homogeneous state was formed. The competi-
tion between the processes of mechanical alloying and the
decomposition of the solid solution also occurs, apparently,
in the Cu—Co [185] and Fe—Cr [40] systems, where highly
dispersed states with signs of composition modulation were
obtained in the process of SPD. For example, the same
dispersed state was obtained in the Fe-Cr system with a
characteristic scale of concentration inhomogeneity of several

20 nm

Figure 7. (a) Mechanical alloying of Ag—Cu alloy powder in a ball mill at
T = 393 K. (b) Concentration inhomogeneity areas formed at a deforma-
tion temperature 7' = 453 K [30].

nanometers from the initial state, which is homogeneous or
consists of a mixture of pure component powders.

As discussed above, the grain size decreases or increases
under SPD, depending on whether it is larger or smaller than
the stationary value (see Fig. 2). This is also true for SPD-
induced hardening/softening. A similar situation also occurs
in the case of dissolution/precipitation. A certain concentra-
tion ¢y 1s attained in the steady state in a solid solution, the
value of which is controlled by the dynamic equilibrium
between dissolution and precipitation. If the initial concen-
tration cjn; of the solid solution is lower than cg, it increases
under SPD, and the particles of the second phase dissolve. If
Cinit > Css» the concentration of the second component in the
solid solution decreases, and new precipitates emerge (so-
called dynamic aging). This aging, which was first observed in
Al-Zn alloys [135], is now actively used to control the
properties of materials [195].

The competition between the dissolution of particles and
the decomposition of a supersaturated solid solution has been
studied in detail in binary copper alloys [28]. The steady-state
concentration cg is established in the solid solution due to the
effect of these processes during SPD. To compare binary
alloys having different maximum solubility values of the
second component, it is useful to introduce the so-called
effective temperature T (see Eqn (1)): the concentration cg
of the second component in the matrix after SPD is such, as if
the sample was annealed until equilibrium corresponding to a
certain (elevated) temperature Tey.

We now consider an example of the competition between
dissolution and decomposition in the Cu—Co system [98, 196,
197]. The Cu—4.9 wt.% Co alloy contained grains of a copper-
based solid solution 10-20 um in size, cobalt particles about
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Figure 8. (a) Torque as a function of the rotation angle. The insets show
micrographs of the Cu—4.9 wt.% Co alloy after annealing at 7= 570°C
for 840 h obtained by scanning electron microscopy (left) and bright-field
transmission electron microscopy (TEM) (right). (b) Lattice period as a
function of the anvil rotation angle. The dots mark the lattice parameter in
sample 1 annealed at 7= 570°C for 840 h. The squares correspond to
sample 2 annealed at 7= 1060 °C for 10 h. The diamond marks the lattice
period for pure copper. The corresponding concentration of cobalt is
shown on the right vertical axis, ceq ~ 2.5 wt.% Co. The insets show
bright-field (top) and dark-field (bottom) TEM micrographs of the
Cu—4.9 wt.% Co alloy after annealing at 7= 570 °C for 840 h and HPT
(6 GPa, 5 revolutions, 1 revolution per minute) [98].

2 pm in size, and finely dispersed cobalt precipitates formed
during HPT with a particle size of ~ 10-20 nm [98, 196, 197].
Cobalt completely dissolved in the copper matrix after
annealing at 7= 1060 °C for 10 h. The grain size after this
annealing was = 50 um. The copper-based solid solution
almost completely decomposed in the process of annealing
at T=570°C for 840 h: less than 0.5 wt% Co remained
dissolved in the copper (as the data of X-ray structural
measurements and the phase diagram show [98]).

After HPT of both samples, the copper grain size sharply
decreased to about 200 nm, and the cobalt particle size, to 10—
20 nm (see insets in Fig. 8b). The torque in both samples
attained a stationary value after a short growth period during
the first revolution of the anvils (Fig. 8a). Figure 8b shows the
lattice parameter in sample 1 annealed at 7= 570°C for 840 h
(dots) and sample 2 annealed at 7= 1060°C for 10 h
(squares) as a function of the rotation angle. The lattice
parameter of sample 1 before deformation is very close to
that of pure copper (the diamond in Fig. 8b). As the number
of revolutions increased, the lattice parameter of sample 1
decreased, and that of sample 2 increased. The lattice
parameters in both samples after five revolutions of the
anvil were virtually indistinguishable and corresponded to a
solid solution of cobalt in copper with ~ 2.5 wt.% Co. In
other words, the composition of the solid solution in the
Cu—4.9 wt.% Co alloy after HPT does not depend on the

initial pre-HPT state. This is the so-called equifinal composi-
tion: ¢eq ~ 2.5 wt.% Co.

Thus, the steady state with respect to grain size, cobalt
precipitate size, and cobalt concentration in a solid solution
under HPT is indeed equifinal. The Cu—Co phase diagram
shows that the solid solution in samples 1 and 2 after HPT
contains the same amount of cobalt, c.q =~ 2.5 wt.% Co, as if
these samples were annealed at Teq = 920+ 30°C and
Terp = 870 + 30 °C, respectively.

An analogy arises here between thermodynamic equili-
brium, where the composition of the phases does not depend
on the initial state, and the situation where the composition of
the phases in the stationary state during SPD is also
independent of the initial-state phases. The characteristics
such as the equivalent (effective) temperature T and the
stationary (equifinal) composition of solid solutions cqq are
often referred to as attractors in the thermodynamics of open
systems [198].

The values of Ty for several Cu-based alloys were
compared in [28]: Cu—Ni [43], Cu—Co [98, 196, 197], Cu—Sn
[199-201], Cu-In [202, 203], Cu—Cr [204], Cu—-Ag [205-207],
Cu—Al-Ni [208, 209], and Cu—Hf [28]. The value of T
increases linearly with an increase in the activation enthalpy
of bulk diffusion. A correlation has also been found between
the activation enthalpy of bulk diffusion and the melting
point of the diffusing alloying component T;,. As a result, Tegr
increases linearly with increasing temperature 7y, of the
alloying component. The observed correlations enable a
prediction of phase transitions in copper alloys under HPT.
Thus, the temperature Ty is a parameter convenient for
discussing the qualitative features of phase transformations
under SPD. However, a method for calculating this quantity
has not yet been proposed, and the microscopic mechanisms
that determine its change have not been specified.

2.3.2 Model concepts. To explain the formation of a super-
saturated solid solution, the following models have been
proposed: a model of local heating in contact with grinding
bodies in ball mills [210]; a model of dissolution of
equilibrium phases due to the accumulated energy of defects
[62], in particular, the high energy of grain boundaries [188]; a
model that interprets SSS as a metastable state thermodyna-
mically caused by the accumulation of interstitial atoms in the
bulk of the material [68, 211, 212]; a model of direct
mechanical mixing due to dislocation slip with completely
frozen diffusion [58, 213]; a model of diffusive dissolution of
subcritical precipitates emerging under SPD [26, 173, 184]; a
model of the growth of nonequilibrium phases due to the
relaxation of amorphous boundaries between powder parti-
cles (in a mixture of pure components) [171, 186]; and a model
of ‘diffusive cutting’ and dissolution of precipitates by
dislocations and dislocation clusters as a result of a local
change in the chemical potential in the region of defects [60,
61, 214]. There is currently no unified point of view on the
physical nature of the observed phenomenon. We discuss
below some of the approaches listed above.

Abnormal mechanical alloying (in systems whose decom-
position is thermodynamically stimulated) develops more
actively if the processing temperature in ball mills is
decreased and the size of the balls is diminished, i.e., when
local heating is suppressed [186]. This phenomenon is
observed not only in ball mills, but also in other processing
methods, for example, in torsion under high pressure, when
local heating is excluded [174]. Thus, the local heating model
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[210] draws attention to possible artifacts in the case of alloy
processing in ball mills, rather than explaining the physical
essence of the phenomenon.

The concept of dissolution of phase fragments of sub-
critical size [26] that emerge in the process of mechanical
cutting of precipitates by dislocations originates from the
general principles of thermodynamics. However, it is neces-
sary to take into account the competing growth of large
precipitates and the nucleation of new precipitates in a solid
solution. The critical size of the nucleus tends to infinity at the
boundary of two-phase region of the phase diagram, but
rapidly decreases upon cooling [215]. For example, according
to experiments [216], this size is only ~ 0.2 nm in the
Fe.99Cug,; solid solution with a body-centered cubic (bcc)
lattice at 7= 770 K, and at lower T, any cluster consisting of
several atoms is capable of growth. Therefore, the area of
applicability of this concept is limited to a situation in which
the phase diagram point of the solution is located near the
boundary of two-phase region of the phase diagram, and bulk
diffusion is quite intense.

The concept of the decisive role of the stored energy of
defects [62] (for example, grain boundaries [188]) in dissolu-
tion of phases under SPD partly reflects the observed trends,
but says nothing about the kinetic mechanism that ensures
homogenization of the alloy. Moreover, the stored energy of
the alloy, due to the high density of grain boundaries (GBs)
after SPD, can lead to the opposite outcome due to the
formation of segregations and grain boundary decomposi-
tion. The role of the accumulated energy of defects is reduced
in [62] to the effective shift to the high-temperature region of
the phase diagram. However, the relationship between the
displacement of the figurative point and the accumulated
energy is not obvious, while effective heating emerges in
model approaches as a kinetic effect due to direct mechanical
mixing [9, 58, 149]. The most substantiated study is
apparently [68], in which the formation of supersaturated
solid solutions under SPD is explained by a change in
thermodynamic properties as a result of the accumulation of
about 1 at.% of interstitial atoms (the concentration of
defects is estimated using the change in the average lattice
parameter after SPD). However, the obtained estimate of the
stored energy of interstitial defects (3.5 kJ mol~!) turns out to
be an order of magnitude less than the typical value of the
mixing energy.

Direct mechanical mixing [14, 58, 213] in shear bands may
explain mechanical alloying observed at extremely low
temperatures, ~ 80 K. The mechanism of this phenomenon
is illustrated by the results obtained by Monte Carlo
computer simulations [14] and molecular dynamics [213,
217] techniques. Direct mixing is introduced in theoretical
models [149] by postulating ballistic jumps of atoms in
addition to normal diffusion, which leads to an effective
upward shift in temperature in the phase diagram, in
agreement with the results of [62, 151, 152]. The direct mixing
mechanism is clearly supported by the observation that the
degree of homogenization of the Fe—Cu alloy during proces-
sing at low temperatures ranging from 77 K to 300 K weakly
depends on the exposure rate (and temperature), but is only
determined by the magnitude of plastic deformation [174].
The simulation of shear deformation at moderate tempera-
tures revealed a competition between direct mixing and
diffusion-controlled decomposition that results in the forma-
tion of dissipative structures (patterns) [58], in agreement with
experimental observations for the Ag—Cu system [30].

Although the concept of mechanical mixing is now quite
popular, many authors note that the required uniform plastic
deformation is virtually unattainable [32, 218]. Moreover, the
formation of a supersaturated solid solution is only observed
in a number of systems (Fe-Pb [176], Fe-Sn [177]) after
transition to the nanocrystalline state, when the slip of
dislocations in the bulk of grains is suppressed [64, 219, 220].
Transmission electron microscopy of the Fe—Cu alloy after
HPT revealed no signs of crossing the boundaries of
precipitates by dislocations, which is also an indirect indica-
tion of the absence of direct mechanical mixing [174]. It is
possible that it occurs in nanocrystalline materials not in the
bulk, but at the boundaries of grains with high migration
mobility (in particular, dynamic recrystallization is observed
at room temperature [221-223] and possibly even at cryogenic
[174] temperatures).

It is of importance to note that, at least at moderate
temperatures (in particular, close to room temperature),
diffusion apparently is also involved in mechanical alloying.
An argument in favor of this assertion is the experimental
observation that solid solutions and intermetallics first
emerge in the process of SPD on the side of the low-mobile
component [68, 224, 225], which cannot be ensured by direct
mixing. Moreover, based on the concept of direct mixing, it is
impossible to understand why the dissolution of copper
precipitates in an iron matrix occurs in two stages: first, the
precipitates of face-centered cubic (fcc) copper are saturated
with iron up to 11 at.%, and only after that a supersaturated
solid solution of copper in aFe is formed [170, 171].

2.3.3 Diffusive cutting and dissolution of precipitates by
dislocations and grain boundaries. To explain the dissolution
of fine precipitates of equilibrium phases in the process of
SPD at moderate temperatures, models have been proposed
based on the concept of the development of diffusion
processes in the dislocation region [60, 61, 155, 214] and
grain boundaries [155, 226, 227] with the possible ‘freezing’ of
the attained state after the displacement of defects.

Studies [60, 61] explored a situation in which the applied
stress is insufficient for mechanical cutting, so the ensemble of
dislocations stops at the precipitate boundary. Further
evolution is due to the elastic interaction between the atoms
that form the precipitate with the edge components of the
dislocations. Flows of atoms emerge as a result between the
regions of compression and tension of the lattice near the
dislocation, and the shape of the precipitate changes with
time; the ensemble of dislocations (under the effect of the
applied stress) moves into the region previously occupied by
precipitates. In essence, this model describes not dissolution,
but rather the so-called diffusive cutting of precipitates, the
rate of which is limited by diffusion. Experimental observa-
tions indicate (see, for example, [32]) that precipitates that
dissolve under SPD have both large and small lattice
parameters (in comparison with those of the matrix),
contrary to the conclusions in [60, 61], according to which
only those precipitates whose lattice parameter is greater than
that of the matrix dissolve. There is at present no doubt that
the elastic contribution is far from the only contribution that
determines the interaction between dissolved atoms and other
lattice defects [228].

A more general approach to the dissolution of precipitates
in the process of their interaction with dislocations was
discussed in [214, 227]. It was taken into account that the
thermodynamic properties of the alloy (the energies of
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Figure 9. Cutting of Ni3Al particles by dislocations in the process of cold
deformation of an aged 75Ni—19Cr—6Al (at.%) alloy [218].

segregation, mixing, and ordering) change near the disloca-
tions that cut the precipitates, which facilitates local develop-
ment of the transformation. When a dislocation is displaced,
the state that is formed is frozen until the next dislocation
arrives, so the alloy moves away from the state of thermo-
dynamic equilibrium in the process of deformation. It should
be noted that studies [214, 227] did not explore (similar to
[60, 61]) effects associated with rapid diffusion along disloca-
tion tubes, which may prove to be decisive at moderate
temperatures. In discussing the dissolution of interstitial
phases, it is also necessary to take into account the possibility
of capturing of Cottrell impurity atmospheres [229] by
moving dislocations [32], since interstitial atoms usually
have high diffusion mobility and a significant energy of
binding with dislocations.

The dissolution of precipitates upon contact with disloca-
tions has been reliably confirmed in experiments. The dissolu-
tion of the Guinier-Preston zones and the metastable 0'-phase
in the cold plastic deformation of the Al-Cu alloy was
discovered in [230]. It was observed in [218] that a group of
dislocations cut the y’-particle NizAl in the 75Ni-19Cr—6Al
alloy (at.%); it was shown that the dislocations not only
mechanically cut the particle, but also carry nickel atoms out
of its limits, a phenomenon that manifests itself in the form of
long ‘tails’ of impurity atoms (Fig. 9). Diffusive cutting and
dissolution of intermetallic particles in the Fe—Ni—Ti austenitic
alloy were observed in [231]. Reference [232] showed for the first
time that carbides may dissolve as a result of being intersected by
dislocations. Three-dimensional (3D) atomic tomography [233—
236] indicates the scale of impurity atmospheres at dislocations:
for example, the Mn concentration in dislocation tubes
increases in the substitutional bec-Fey; Mng alloy to 30% [236].

Recent studies [237, 238] have shown that particles of the
Ni3;Ti and NizAl phases in austenitic steel, for which the
dissolution mechanism is known to be diffusive cutting,
dissolve more efficiently at low temperatures, down to 77 K.
It is hypothesized that the diffusive cutting by dislocations is
realized in this case not by a vacancy, but by a crowdion
diffusion mechanism, which has a lower activation energy,
and therefore is advantageous at low 7. The effect of this
mechanism may be extended to many systems for which direct
mixing was previously considered to be the only possible
mechanism of transformation under SPD.

The effect of dissolution of precipitates by moving grain
boundaries, first discovered in [239], is observed experimen-

Figure 10. Dissolution of precipitates in the Ti—-Y—O alloy in the wake of a
moving grain boundary [218].

tally at elevated temperatures, when recrystallization and
diffusion phase transformations may occur concurrently. It
was found in [155, 240, 241] that nanosized precipitates of
Al;Zr and yttrium in the Al-Cr—Zr and Ti-Y-O systems
decrease in size or dissolve in the wake of moving grain
boundaries (Fig. 10). The dissolution of precipitates in
Cu—Co, Ni-Al, Al-Cu alloys in the process of recrystalliza-
tion was noted in [242]. The dissolution of coherent Y, Ti,O.
precipitates in oxide dispersion-strengthened ferritic steel due
to the migration of GBs has been observed recently [243].
These observations show the conceptual possibility of the
dissolution of precipitates by moving GBs. Similar processes
may develop in the case of SPD, which is usually carried out at
lower temperatures, in the process of low-temperature
dynamic recrystallization [65].

Grain boundaries play an important role in mechanical
alloying in many systems. For example, in the FeygsPbs alloy
(with the ratio of atomic radii Rpp/Rp. = 1.41 and the
absence of solubility under equilibrium conditions), first, Pb
atoms segregate during exposure at the boundaries of aFe
grains, and only at the next stage, during the transition to the
nanocrystalline state, is a supersaturated solid solution
formed [176]. The dissolution of the phases occurred in the
FeggSnjs, system when the grain size was 3—5 nm [177], while in
the Feg3 Mgy system, it occurred when the grain size decreased
to 10 nm [179]. Although GBs determined the process kinetics
in all cases, impurity atoms of lead, magnesium, and tin were
distributed in the final state uniformly over the entire volume
of aFe grains. Thus, the role of GBs was not limited to the
formation of segregations. However, the hypothesized impor-
tant role of GBs in the formation of a SSS has been
questioned for the Fe—Cu system [244], since the change in
the enthalpy at GBs in this system is small compared to the
contribution from the mixing energy.

A model for the dissolution of fine precipitates was
proposed in [245], which is based on the calculated profile
[246, 247] of the impurity concentration near a moving GB.
According to [245], fine precipitates dissolve in the depletion
zone near the GB provided that their size is comparable to the
width of this zone, and the boundary velocity is not too high.
This model considers in essence one of the possible mechan-
isms of local change in the thermodynamic conditions in the
alloy near the GB; however, similarly to model [60, 61], it does
not take into account the possibility that the GB passes
through the precipitate.

A more general model that describes the passage of defects
(GBs or dislocations) through precipitates and at the same
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Figure 11. Distribution of the component concentration at various moments of time (a) upon single passage of the defect through the precipitate,
Dgg/Dpuic = 10° [155], and (b) after five passages. (c) Profiles of the component concentration at the interface of the initial precipitate (curve /) and after
passage of the defect (curve 7). (d) Degree of decomposition as a function of the velocity of defect motion after one (curve /), five (curve 2), and fifteen

(curve 3) passages of the defect.

time takes into account both the change in the energy of alloy
components and the acceleration of diffusion in the region of
extended defects was proposed in [155]. When a defect passes
through a precipitate, the difference in the segregation energy
on the defect in different phases leads to the emergence of
flows of alloying element atoms outward from the precipitate
volume. Partial dissolution of the precipitate and anomalous
broadening of the interface occur as a result (Fig. 1la—c).
While the magnitude of the effect is determined in the case of
immobile defects by their segregation capacity (which is
usually small compared to that of the bulk of the material),
it is determined in the case of moving defects by the volume
swept during motion. After the defect is displaced, the
attained nonequilibrium state of the alloy is frozen due to
the difference between the coefficients of bulk diffusion and
diffusion along grain boundaries or dislocations
(DGB/Dyouix > 11). Figure 11d shows that, if the number of
passes is fixed, there is an optimal velocity v at which the
precipitates dissolve most efficiently; at low velocities v,
segregations are entrained by the defect, while at high
velocities, the transformation does not have enough time to
develop in the defect region (however, it resumes when the
next defect passes).

If the external action persists for a long time and the
temperature is high (when not only diffusion at the defect but
also the competing bulk diffusion are in effect), stationary
dispersed states (dissipative structures) can be realized [155]
(Fig. 12). A quasiperiodic distribution of concentrations is
formed, i.e., a kind of reversal of spinodal decomposition
occurs.

Thus, the two main mechanisms of formation of super-
saturated solid solutions under SPD should be distinguished.
The first, which is supported by computer simulations [14,
58], dominates at low temperatures (~ 77 K) and is reduced
to direct mechanical ‘mixing’ of atoms as a result of the
passage of intense dislocation flows localized in shear bands
or during GB displacement. The implementation of mechan-
ical alloying at low temperatures in nanocrystalline alloys,
where dislocation slip in the bulk of grains is suppressed,
suggests active GB migration in the course of exposure. The
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Figure 12. Kinetics of the formation of a disperse state (dissipative
structure) as a result of multiple passage of a defect through a precipitate
in a problem with periodic boundary conditions, Dgp/Dpux = 100 [155].

second mechanism, which plays an important role at
moderate temperatures (300-700 K), is due to a local change
in the thermodynamic characteristics of the alloy and the
acceleration of diffusion in the region of dislocation cores and
moving GBs. It is supported by direct observations of local
dissolution of precipitates in locations of dislocation clusters
or behind a moving grain boundary.

2.4 Abnormal decomposition of alloys

and compounds, cyclic reactions

As shown in Refs [50, 157, 158], shear under a pressure of 5—
11 GPa in Bridgman anvils results in the decomposition of
the equilibrium tetragonal Nd,Fe ;4B phase into an amor-
phous phase enriched in neodymium and aFe nanocrystals.
Low-temperature annealing (7 = 200—500°C) stimulated
additional decomposition, while high-temperature anneal-
ing (T > 500°C) restored the equilibrium phase composi-
tion. It has been noted previously [248-250] that the amount
of aFe in R—Fe-B systems (where R is a rare-earth element)
increases during prolonged grinding in ball mills; this,
however, was explained for a long time by the contamina-
tion of the powders in the process of grinding. The
decomposition of the Fe,B compound during SPD was
studied in [52] to show that it proceeds in two stages. First,
the intermetallic is disordered and partially amorphized,
then its separation occurs: Fe;B — dFe;B — aFe + B
(dFe,B is a disordered phase); thus, abnormal decomposi-
tion occurs under altered thermodynamic conditions. A
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Figure 13. Average hyperfine field Hps-(curve /) and the volume of the
boron-containing phase (curve 2) as functions of the time of mechanical
processing in a mill of Fe+ 50 at.% B mixture [54].

complex chain of transformations,

BFeB — aFeB — BFeB + aFeB — BFeB + Fe;B
+ amorphous phase + B — aFeB + (Fe;B)
+ amorphous phase + B,

with possible cyclicity of phase transformations was observed
in [251]. It was shown in [54] that in processing a mixture of
iron and boron powders in a ball mill, the proportion of the
boron-containing phase can periodically vary with time
(Fig. 13).

According to common concepts [9, 62], the amorphous
phase may be considered a supercooled liquid phase, and its
emergence corresponds to a shift of the phase-diagram point
corresponding to the state of the alloy to the high-tempera-
ture region of the phase diagram. For example, the decom-
position of the equilibrium phase Nd,Fe ;4B — amorphous
phase + aFe is explained in [62] as follows. The correspond-
ing diagram of states contains a high temperature region
liquid +iron (delta and gamma). The alloy stores energy in
the process of deformation and in a sence ‘heats up’ to the
temperature of this region, as a result of which the observed
transformation occurs. The external exposure results in this
case in the realization of the amorphous phase and the
acceleration of diffusion, while the abnormal decomposition
is explained by the effect of thermodynamic stimuli under the
changed conditions.

An alternative approach [155] is that equilibrium with the
matrix phase may not be attained at sufficiently low
temperatures due to the absence of bulk diffusion. Instead, a
nonequilibrium transformation takes place under locally
changed thermodynamic conditions, in shear bands. Indeed,
the amorphous phase not returning to the crystalline state in
the Nd—Fe-B system may be an indication of suppressed bulk
diffusion. The formation of aFe nanocrystals under SPD in
amorphous iron alloys usually occurs in this case in shear
bands [252].

An example with cyclic reactions in the Fe-B system [54]
shows that the concept of the displacement of the figurative

point of the alloy in the equilibrium phase diagram is not
always comprehensive. To explain the observed phenom-
enon, the authors employ concepts of nonequilibrium
thermodynamics [253, 254], which adopts as the steady state
behavior of the system not only equilibrium states of matter,
but also dynamic stationary regimes. If local boron concen-
tration Cg < 16 at.%, a bcc structure with a coordination
number z = 8§ is preferable, while if iron is saturated with
boron up to Cg =25 at.%, the fcc structure becomes
preferable, in which z=12. The actual structure that
emerges in the process of exposure is a mixture of the two
indicated states. The saturation of the sample with defects
increases the proportion of fcc clusters, for which an
increased content of boron is preferable. The concentration
of defects at point B in Fig. 13 attains a critical value, after
which the system loses its stability. The accumulated defects
are probably ‘dumped’ as a result of dynamic recrystalliza-
tion, due to which the proportion of fcc clusters and the
associated boron concentration in the material decrease. The
process of accumulation and dumping of defects, accompa-
nied by oscillations in boron concentration, is repeated due to
the continued supply of energy. It should be noted that cyclic
reactions are quite typical of open systems. A well-known
example of such a reaction is the self-oscillating oxidation-
reduction regime in the Belousov—Zhabotinsky reaction [255].

A cyclic amorphization—crystallization reaction that
proceeds without a change in the chemical composition and,
therefore, only due to the evolution of defects during
exposure, was observed in the Co-Ti system [53, 256].
Complete or partial amorphization occurs in this alloy as a
result of mechanical processing. When the critical concentra-
tion of defects is attained, recrystallization occurs, which
restores the crystal lattice. The processes of amorphization
and recrystallization alternate with each other under condi-
tions of continued exposure, repeating in a cyclic way.

A common feature of the transformations described in
this section is the combined effect of competing transforma-
tion mechanisms (direct mixing, accumulation and dumping
of defects, diffusion in the bulk and at grain boundaries, etc.).
This circumstance usually suggests using sufficiently intense
exposures at moderate temperatures, when the supplied
energy can dissipate in the system through various channels.

The summarize, the two main mechanisms by which
nonequilibrium transformations under SPD conditions are
implemented should be distinguished. At low temperatures,
‘direct mixing’ of atoms prevails, while at moderate tempera-
tures, abnormal transformations occur due to diffusion on
moving defects (dislocations, grain boundaries). At present,
the discussion about the ‘relative contribution’ of these
mechanisms to the overall picture has not been completed.
Suppression of the dislocation deformation mode in nano-
crystalline samples and the possibility of an interstitial
(including crowdion) mechanism of mass transport are
important arguments in favor of the diffusive nature of
abnormal transformations, even at cryogenic temperatures.
The phenomena of abnormal decomposition and the realiza-
tion of low-temperature phases should be controlled, prob-
ably by diffusion along dislocations and grain boundaries.
Models based on the concept of the development of
transformations due to flows of nonequilibrium vacancies,
changes in the thermodynamics of an alloy due to the energy
of accumulated defects, and local heating of the material in
the process of exposure are apparently of a particular nature
and have no significant experimental evidence.
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3. Segregations and grain-boundary
decomposition in nanocrystalline materials

A nanocrystalline (NC) state of a material is often attained as
a result of SPD, in which the proportion of atoms located in
the GB region proves to be comparable to their bulk
proportion. The grain size becomes in this case an important
thermodynamic factor that determines the phase composition
of the alloy. The main mechanism that sets the relationship
between the grain size and the phase composition is the
formation of segregations of impurity and alloying elements
on GBs [66, 257-260]. The segregations can significantly
change the phase equilibrium of the alloy [261] and the
thermal stability of the structure [262, 263]. The role of
segregations on GBs is especially significant in NC alloys
[1, 264], where the proportions of atoms on GBs and in the
grain volume are comparable.

Segregations of alloying components at grain boundaries
significantly affect the strength of alloys, facilitate the
transition to a nanograined state under SPD (for example,
due to segregations of magnesium in aluminum, the attained
grain size decreases by an order of magnitude), and stabilize
the grain structure in the process of annealing (in alloys of
nickel, silver, copper, etc.) [47], while the formation of thin
grain boundary layers of zinc at grain boundaries in
aluminum after torsion under high pressure facilitates sliding
of grain boundaries and leads to high plasticity of ultrafine
Al-Zn alloys [49]. It should be noted that understanding
segregation effects is of utmost importance for the chemistry
of catalysis and the reactivity of solids [265]. The key factor in
the models proposed to describe the catalytic properties is
segregation effects, the role of which increases with decreasing
nanoparticle size [266, 267].

The distribution of components in the NC alloy, which
occurs after SPD in the process of annealing at moderate
temperatures (in the absence of recrystallization), is described
in phenomenological terms by the classical theory of segrega-
tions [259, 268], including taking account of the dependence
of the impurity concentrations in the bulk and on GBs on the
grain size [269-272] and account of the joint segregation of
impurities of various types [273-276]. A specific feature of
SPD is that segregations can develop in the process of
dynamic recrystallization on moving GBs [155, 239, 245-
247]. At the same time, the GBs themselves are ‘non-
equilibrium’ and feature significant distortions and a high
segregation capacity [3]. It was shown in [269, 271] that there
is a critical grain size in dilute alloys, upon attaining which the
grain volume is cleared of impurities (Fig. 14a), and the
impurity concentration on the GB begins to decrease in
comparison with that for larger grains (Fig. 14b).This can
lead in multicomponent alloys to a nonmonotonic behavior
of the concentration of segregated alloy components as a
function of the grain size [271].

It was first predicted in [277] and then confirmed both
experimentally [47, 262, 278, 279] and by numerical simula-
tion using the molecular dynamics method [280] that grain
boundary segregations (GBSs) stabilize in some systems the
grain structure, ensuring that the equilibrium grain size is
attained, contrary to the trend of collective recrystallization.
According to [277], if the impurity segregation energy is
sufficiently high, the presence of a GB in the system may
become energetically favorable. The equilibrium grain size
attained in this case was estimated in [281, 282], and it was
shown in [283] that it rapidly increases with decreasing
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Figure 14. Equilibrium impurity concentration in the bulk (a) ¢, and at the
boundary cgp (b) of a grain as a function of the grain size at ¢y = 0.20
(curves 1, 1’, 1") and ¢y = 0.10 (curves 2, 2/, 2") at various segregation
energies at the boundary: —8es/(kpT) = 10 (curves 1, 2), 5 (curves 1/, 2'),
and 2 (curves 17, 2") [271].

impurity concentration, theoretical estimates being in good
agreement with experimental data for the Ni-P and Ni-W
systems. Attention was drawn in [271] to the fact that the
grain boundary width d and the grain size L are present in
equations that describe segregations in the form of a
dimensionless ratio d/L; therefore, for systems in which the
Weissmiiller effect [198] is realized, an alternative scenario is
also possible, in which the equilibrium grain size is not
attained, and wide nonequilibrium GBs are formed instead.
GBSs trigger in thermodynamically unstable alloys the
development of spinodal decomposition, as was previously
demonstrated using the generalized Cahn—Hillard model
[284] that takes into account the local change in the chemical
potential at the GB [285-288] (Fig. 15a). It has been shown
recently using the Monte Carlo method with consideration
for lattice relaxation that GBSs trigger the development of
discontinuous grain-boundary decomposition in the Fe—Cu
system [289] (Fig. 15b). Study [272] provides a classification of
the morphological features of the GBSs and grain boundary
decomposition as a function of temperature. If temperature
decreases, segregations at the GBs can be replaced by the
formation of precipitates at triple junctions, followed by grain
boundary decomposition over the entire GB area and, finally,
by spinodal decomposition in the bulk of grains (Fig. 16).
Unusual (‘nonequilibrium’) grain boundaries (NGBs) are
known to be formed under SPD [3], which are characterized
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Figure 15. (a) Grain boundaries (coinciding in the simulation of the phase
field with the boundaries of the square) trigger the emergence of a chain of
equidistant precipitates under spinodal decomposition [285]. (b) Monte
Carlo simulation of the decomposition in an Fe—Cu polycrystal [289].

by a high segregation capacity and significant distortions of
the crystal lattice in a wide boundary layer. This assertion is
supported by experiments [290, 291], which demonstrate a
significant structural relaxation of such GBs upon annealing.
The phenomenon of grain-boundary wetting was used in [292]
to show that unrelaxed grain boundaries have a higher energy
after deformation. The first models of NGBs assumed that a
wide amorphous layer is formed between crystallites [293].
Subsequent experiments showed that the width of the layer in
which the crystallographic coordination is disturbed does not
exceed one or two interatomic distances [294]. The magnitude
of deformations turns out in this case to be significant (more

than 0.1%) in a wide near-boundary region [295, 296], where
an increased density of dislocations is observed [3]. It should
be noted that the assumption regarding a quasi-amorphous
layer between crystallites seems natural near the transition of
the alloy to the amorphous state. Expected in this case may be
the emergence of unconventional wide GBSs, which should
‘dissolve’ upon annealing and evolve into conventional
(equilibrium) GBSs. This problem is still poorly explored by
both theory and experiment.

Another specific feature of SPD is the active migration of
GBs during exposure [65]. It was hypothesized in [297] that
the kinetics of GBSs formation is restricted in this case not by
bulk diffusion, but by the redistribution of alloy components
on the GB. The moving GB ‘sweeps’ the impurity atoms,
which leads to the formation of the GBSs directly during the
exposure, even at sufficiently low temperatures (~ 300 K).
This approach made it possible to interpret the formation of
segregations on GBs in the AI-Mg and Al-Zn systems during
SPD [297], while the estimated bulk diffusion coefficients
(even taking into account their increase due to the generation
of nonequilibrium vacancies under SPD) indicate that such a
process is not feasible. A simple model of the formation of
segregations on moving GBs was proposed in [155] to show
that at low T the motion of GBs is a prerequisite for the
formation of segregations, and the GBSs attain their
maximum value at the optimal velocity of GB motion (see
Fig. 17).

Models based on the concept of an alloy moving away
from thermodynamic equilibrium under the effect of vacancy
[63] or dislocation [227] flows predict that nonequilibrium
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Figure 16. Typical morphologies of grain-boundary segregations and formation of precipitates under exposure at various temperatures [272].
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Figure 17. (a) Evolution of the impurity concentration at the grain boundary for the velocity of the boundary motion vgg = 0 (curve /), 12.5 (curve 2),
100 (curve 3), and 800 (curve 4). (b) Segregation attained by the time T = 0.002 (curve /) and 0.02 (curve 2) as a function of the velocity of the boundary.
The average impurity concentration is ¢o = 0.01, the segregation energy is egg = —0.3 eV per atom, T = 500 K, Dgg/Dpuc = 10° [155].
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Figure 18. Results of 3D atom probe tomography: (a) segregation of
carbon at equilibrium grain boundaries and precipitation of cementite in
Fe—4.4C-0.3Mn-0.39Cr-0.21Cr steel (at.%) [45]; (b) segregation of
niobium and phosphorus at the large-angle grain boundary in alloyed
ferritic steel (Fe—18Cr—0.32Nb-0.045P (at.%)) [46].

segregations may be formed under intense exposure, for
example, under SPD.

For example, it was hypothesized in [63] that none-
quilibrium vacancies are generated at some boundaries and
junctions of grains and subsequently sink to other boundaries
in the process of SPD. The stratification of the alloy occurs as
a result due to the difference in the diffusive mobility of atoms
of different types by means of the inverse Kirkendall effect
[161, 162]. This concept predicts new physical phenomena,
such as the formation of intermediate-composition regions
near the source of vacancies and the formation of modulated
structures whose period depends on the distance between the
source and the sink of vacancies [298, 299]. However, the
assumption that the spatial configuration of sources and sinks
of vacancies under SPD does not change remained unsub-
stantiated. If a random variation in this configuration with
time or uniform generation of vacancies over the entire
surface of grains is assumed, the effects predicted in [298,
299] vanish. They are more likely to be observed under
irradiation at moderate temperatures.

We now discuss the experimentally observed scenarios of
how segregations and decomposition at grain boundaries are
formed. Three-dimensional atom probe tomography was
applied in [45] to explore grain-boundary segregations in
Fe—4.4C-0.3Mn-0.39Cr-0.21Cr (at.%) steel after cold draw-
ing and subsequent annealing for 2 min at 7= 400°C. The
width of the segregations was shown to be as large as several
nanometers and depends on disorientation of neighboring
crystallites (Fig. 18a). Study [46] discovered 2-3-nm wide
segregations of niobium, boron, phosphorus, and molybde-
num at large-angle GBs in a complex alloyed steel after hot-
rolling deformation (860 °C) (Fig. 18b). The large width of
carbon segregations may only be due to structural changes in
the crystalline lattice in the GB region. The reason for the
emergence of wide segregations in the case of joint segrega-
tion of impurities requires further exploration, since the
driving force of segregation is, for some alloys (Nb, Mo),
interaction with GB, while for others (B, P), it is interaction
with other impurities.

An example of grain-boundary decomposition with
precipitation of an equilibrium low-temperature phase is the
Fe—Ni—Cr system [42]. Field ion microscopy finds after SPD
at T =20°C traces of equilibrium FeNij or FeNi phases
whose dimensions are =~ 5 nm, and electron microscopy,
ordered-phase domains located in a periodic way along GBs
(Fig. 19). A simulation based on molecular dynamics (MD)
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Figure 19. (a) Phase diagram of the Fe-Ni alloy that demonstrates the
presence of two-phase regions y(Fe, Ni) + FeNis poorly studied in the
low-temperature region [301]; the decomposition is not observed if the
alloy (dot) is processed above the extrapolated boundary of the two-phase
region (dashed line) [42]. (b) Signs of decomposition with ordering at the
grain boundary in the Cr;NisoFesg (at.%) alloy subjected to SPD at
T = 20°C [42] detected using electron microscopy.

methods [300] has shown at the same time that equilibrium
segregations due to a change in the chemical potential of
nickel atoms on the GB are not possible in the Fe—Ni system
due to small segregation energies.

The two-phase region yFe(solid solution)+FeNis, which
is present in the equilibrium phase diagram, is a reflection of
the fact that the FeNij; intermetallic is formed as a result of a
decomposition reaction with ordering in the initial solid FCC
solution, i.e., without the formation of aFe [301]. Such a two-
phase region may also exist in the vicinity of the FeNi phase
[302], which is metastable with respect to decomposition into
aFe 4+ FeNi; and, therefore, is not displayed in standard
phase diagrams. The composition of steel selected for study
(= 50—60 at.%) is located precisely in this poorly explored
region of the phase diagram. Decomposition has not been
observed if the alloy was processed at 7= 300 °C, i.e., under
conditions above the two-phase region dome. It should be
noted that the precipitation of the FeNi; or FeNi phases may
be accelerated as a result of segregations stimulated by the
flow of point defects on the GB [300].

Grain-boundary decomposition is also realized in the
AlgsMgg alloy subjected to SPD in the two-phase region [47],
where a layer enriched in magnesium up to 10 nm thick
emerges along the GB (Fig. 20). The equilibrium Al3;Mg,
phase is known to rapidly precipitate in aluminum on grain
boundaries, a problem which is of importance for technol-
ogy [303]. However, X-ray diffraction analysis has failed to
reveal in this case the presence of an ordered phase. Recent
experimental and theoretical studies [304] have shown that
decomposition in the Al-0.94Mg-0.47Si alloy below the
two-phase region dome begins in a solid fcc solution, and
clusters enriched in both silicon and magnesium are
observed, whence it follows that the mixing energy of the
components in the solid solution is negative, v< 0. However,
ab initio calculations [228] resulted in the opposite conclu-
sion, v>0; therefore, the mechanism of the initial stages of
decomposition in the Al-Mg system currently remains
unclear. It is also necessary to bear in mind the possible
competition between two processes: the precipitation of the
equilibrium Al;Mg, phase and its disordering under the
effect of SPD [297].

The alloy NH-7075, of a similar composition
(Alg3 6Zn3 55Mgs 89Cuyq 61 Sig,11Cro.10Tig.01), subjected to SPD
by means of torsion under pressure at 7' =200°C was
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Figure 20. (a) Phase diagram of the Al-Mg alloy; the dot indicates experimental conditions [47] below the boundary of the two-phase Al + Al;Mg, region.
(b) Grain-boundary decomposition in a solid solution subjected to SPD [47] visualized using atom probe tomography.

investigated in [48]. X-ray structural analysis showed that the
alloy after exposure is in the state of a solid fcc-solution
without signs of intermetallic phases. Atom probe tomogra-
phy revealed needle-shaped precipitates (width = 4 nm,
length ~ 18 nm) of a mixed Mg+ Zn+ Cu composition on
some small-angle GBs and spherical precipitates ~ 4 nm in
diameter at some triple grain junctions. The state of the alloy
in the bulk of grains was characterized in this case by a strong
short-range order (clustering of impurities), although the
alloy parameters are located under normal conditions
slightly above the two-phase region dome. The authors of
Ref. [297] have shown that the factor responsible for the
decomposition may be in this case the applied pressure that
displaces the phase-diagram point of the alloy in the diagram
below the two-phase region dome.

In the aFe—9 wt.% Mn alloy after holding at moderate
temperatures the wide segregations are also found [305],
apparently associated with decomposition into GBs, since
the mixing energy of the components in the solid solution is in
this system negative, v < 0 [306].

Abnormal stratification after crushing of Niy Pdso alloy
powder in a ball mill [307] was observed by determining
the shift in the Curie temperature (Fig. 21), which had the
maximum value after processing at a moderate temperature
(403 K). If the alloy was processed at higher (523 K) or lower
(80 K) temperatures, stratification was barely observed.

However, decomposition developed in the process of
annealing at T = 553 K after low-temperature SPD. Since
the Ni—Pd system forms a continuous series of solid solutions
(v > 0), the decomposition with the precipitation of equili-
brium phases is in this system thermodynamically infeasible.
Owing to the significant magnitude of the effect, the
stratification apparently cannot be associated with equili-
brium grain boundary segregations. Effects of this type may
be caused, for example, by the formation of segregations on
wide nonequilibrium GBs or under the effect of nonequili-
brium-vacancy flows [63].

To sum up, it should be noted that the formation of GBSs
undoubtedly plays a significant role in phase equilibrium and
the development of transformations in nanocrystalline
materials obtained in low-temperature SPD with subsequent
annealing at moderate temperatures.

100

80

60

%, arb. units

40

20

0 1 1 1 1
380 400 420

Figure 21. Magnetic susceptibility of the NigyPdg alloy before (curve 7)
and after processing in a ball mill at temperatures of 80 K (curve 2), 300 K
(curve 3), 403 K (curve 4), and 523 K (curve 5) [307].

The theory of equilibrium GBSs is currently well devel-
oped and its generalizations for the case of nanocrystalline
materials have been proposed. However, experiments often
indicate that GBSs develop directly in the process of plastic
deformation (nonequilibrium segregations) even at room
temperature, when bulk diffusion is frozen. These observa-
tions may be explained by using the concept [155] of GBSs
formation on moving GBs (see Fig. 17), when accelerated
mass transport is provided by grain boundary diffusion.

4. Problem of abnormal diffusion
under intense plastic deformation

The role of diffusion in the realization of nonequilibrium
phase transformations under SPD remains a matter of
discussion. The rate of transformation in substitutional
alloys under SPD is 10-20 orders of magnitude higher than
the conventional one [43, 81, 151, 308], and the dissolution of
intermetallic particles occurs even at temperatures of
~ 100 K [32, 230], at which not only bulk diffusion but also
diffusion along dislocation tubes is considered to be frozen.
Therefore, direct mechanical mixing remains the most
common explanation for these transformations [14, 58].
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However, not only mechanical alloying under SPD at
room temperature, but also decomposition with the precipita-
tion of low-temperature equilibrium phases (for example, in
the Cu—Co system [151]), nonequilibrium phases (for exam-
ple, the reaction Nd,Fe 4B — amorphous phase +aFe [158]),
and abnormal stratification in the system of well miscible
Ni—Pd components [307] have been observed. These transfor-
mations, which indicate precisely the anomalously high rate
of diffusive mass transfer, stimulated the exploration of the
role of diffusion in the disordering of alloys and the formation
of supersaturated solid solutions, i.e., in those phase
transformations that are typical of SPD but are often
considered to be diffusionless.

It has been hypothesized in [63] that diffusion is
accelerated under SPD due to the generation of a large
number of nonequilibrium vacancies at grain boundaries
and triple junctions. A typical concentration of vacancies in
a material during SPD is 107*—107° [70-74], values that
correspond to the pre-melting state. It may be expected in this
case that the bulk diffusion coefficient at 7'~ 300—400 K will
increase by 5-10 orders of magnitude or more (depending on
the material) [309, 310]. However, in the opinion of many
authors [32, 311], this is insufficient for nonequilibrium
transformations to develop within the observed timeframes.
Therefore, it must be assumed that not only the pre-
exponential factor but also the diffusion activation energy
changes. It was suggested in [312] that the supersaturated
solution is formed in the Fe—Cu system as a result of diffusion
through dislocation tubes, while in [238] it was assumed that
the crowdion mechanism of diffusion at dislocations ensures
mass transfer, even at T'= 77 K.

In our opinion, special attention should be paid to the role
of grain-boundary diffusion, which is additionally acceler-
ated by 3 to 5 orders of magnitude when nonequilibrium GBs
are realized [313], and also due to the generation of none-
quilibrium point defects under SPD [63]. In has been shown in
recent study [155] that the diffusion on moving GBs may
result in a variety of nonequilibrium phase transformations,
including disordering of the alloy and dissolution of pre-
cipitates.

Figure 22 shows the coefficients of bulk (curve 1),
dislocation (curve 2), and grain boundary (curve 3) diffusion
for the Fe—Cu and Ag—Cu system extrapolated to the low
temperature region using published data [314-318]. The
transformation can be carried out in reasonable times of
~ 10 s [173, 311] by means of one of the mechanisms listed

above, provided that the corresponding diffusion coefficient
is higher than the level of line 4 in Fig. 22.

It can be seen that an increase in the bulk diffusion
coefficient Dpyx by 10 orders of magnitude due to the
generation of nonequilibrium vacancies under SPD is insuffi-
cient for the occurrence of transformations at room tempera-
tures (curve ).

A large spread of estimated Dy values should be noted.
The estimated equilibrium density of vacancies in copper at
T =300 K varies from 10~'2 [319] to 10~!° at a vacancy
formation energy of 0.87 eV [320]. The density of vacancies
under SPD is as high as 107 [173] to 4 x 107* [319]. As a
result, an increase in Dy, under SPD by 7-11 orders of
magnitude should be expected.

If an assumption is made that phase transformations
are controlled by grain boundary diffusion, then, as Fig. 22
shows, the diffusion rate required for the realization of
transformations at 7 ~ 300 K is not attained either
(curve 3). Given that diffusion on nonequilibrium GBs
increases by 3-5 orders of magnitude [313], the realization of
diffusion-controlled transformations turns out to be possible
at T ~ 400 K.

The conclusions of [313] on the acceleration of diffusion
on nonequilibrium GBs refer to after-SPD samples. It is
reasonable to assume that the grain boundary diffusion is
additionally accelerated in SPD along with bulk diffusion due
to the generation of nonequilibrium point defects [63].
Curve 3" in Fig. 22, which corresponds to this case, already
allows the realization of diffusion transformations at
T ~ 300 K.

As noted in [59], although formally the rate of abnormal
mechanical alloying under SPD can indeed be ensured due to
grain-boundary diffusion, the physical mechanism due to
which diffusion could move the system away from thermo-
dynamic equilibrium is unclear. According to [155], such a
mechanism can be provided by the migration of GBs and
‘freezing’ of the attained nonequilibrium state behind the
GBs.

Study [81] investigated the abnormally fast decomposition
in Al-Mg and Al-Zn-Mg alloys during SPD by torsion under
a pressure of 5 GPa at T=300 K. As a result of the
decomposition, precipitates of the AlsMg, and Mgz (ZnAl),,
phases with a size of ~ 10 nm were formed, which are
uniformly distributed over the bulk of the material. Esti-
mates [81] made under the assumption that the transforma-
tion is controlled by bulk diffusion show that the increase in
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Figure 22. Coefficients of bulk Dy (curve /), dislocation Dy;q (curve 2), and grain-boundary Dgp (curve 3) diffusion in Fe-Cu (a) and Ag—Cu (b) systems
extrapolated to the low-temperature region according to [314-318] and estimates of Dy, and Dgp taking into account nonequilibrium vacancies
(curves I’ and 3", respectively) and Dgp taking into account the nonequilibrium state of grain boundaries (curve 3’). Horizontal straight line 4
corresponds to the diffusion coefficient that ensures the transport of atoms over a distance of ~ 10 nm within a time of ~ 10 s.
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the diffusion coefficient upon SPD, DEFT/Dyyy, was 8-

9 orders of magnitude. If it is assumed that the transforma-
tion is controlled by grain boundary diffusion, the DEET /Dgp
ratio will be 3—5 orders of magnitude. An applied pressure of
5 GPa further lowers in this case the diffusion rate in these
alloys by three to five orders of magnitude [297]. Therefore,
the most probable mechanism of decomposition is grain
boundary diffusion (on moving GBs) accelerated due to the
generation of nonequilibrium vacancies [81].

Abnormally fast decomposition in the Cu—Ni system was
studied under the same conditions in [43]. Even if the
generation of nonequilibrium vacancies is taken into
account, the estimated ratio DERT /Dy was 6-10 orders of
magnitude [43], and it should be even higher if the applied
pressure is taken into account. If the transformation is
controlled by grain boundary diffusion, the DEET /Dgg ratio
is about three orders of magnitude. Thus, the experimental
observations support the hypothesis regarding the decisive
role of grain-boundary diffusion (on moving GBs) in the
processes of abnormally accelerated decomposition.

In discussing the abnormally high rate of diffusive mass
transfer under SPD, the interstitial diffusion mechanism is
often mentioned [32, 68, 238, 321]. The generation of
interstitial defects on vacancy sinks as the temperature
decreases and the critical stress is attained was hypothesized
for the first time in [322, 323] and experimentally confirmed in
[324]. Therefore, it was believed for some time that interstitial
defects can provide mass transfer at low temperatures [325];
however, theoretical estimates [326] have cast doubt on this
mechanism. It is argued in [69] that there is no evidence of
diffusion over interstices for any of the metallic systems.
However, based on the change in the average lattice
parameter after mechanical treatment of Ni—Ti and Fe—Ni
alloys, a conclusion was made in [68] that up to 1 at.% of
interstitial atoms are accumulated in the bulk of the material.
A computer simulation [327] has shown that the energies of
formation of vacancies and interstitial defects at grain
boundaries are comparable; therefore, grain-boundary diffu-
sion can, apparently, be implemented by defects of both
types.

The performed analysis shows that the phenomena of
abnormal stratification and decomposition of alloys at SPD
at moderate temperatures can be maintained by diffusion on
moving dislocations and GBs, the rate of which additionally
increases due to the generation of vacancies and interstitial
atoms. Since this mechanism is realized under locally changed
thermodynamic conditions, it may also be responsible (at
least at temperatures close to room temperature) for the
implementation of those transformations that are often
considered diffusionless (disordering, mechanical alloying).

5. Classification of phase transformations
under severe plastic deformation

The variety of possible types of transformations upon SPD is
apparently explained by the effect of various mechanisms
(direct mixing, anomalous diffusion on moving defects,
development of grain-boundary segregations), which were
discussed above. An approach was proposed in [328] to
systematize the diversity of experimental facts by using the
concept of changes in the microscopic mechanisms of
transformations that depend on external conditions (tem-
perature and treatment intensity). The main provisions of this
concept with minor clarifications are presented below.

The mechanical energy supplied to the system is partially
converted in the process of plastic deformation into heat and
partially accumulated at the grain boundaries and junctions
in the form of elastic energy of mesodefects formed due to the
incompatibility of plastic deformation [64, 329, 330]. The
emerging nonequilibrium states of the alloy may be consid-
ered a result of dissipation of this elastic energy through the
available channels of structural relaxation (plastic deforma-
tion, amorphization, dynamic recrystallization, generation of
nonequilibrium point defects, and diffusive redistribution of
alloy components). The conditions for switching between the
specified mechanisms of dissipation of elastic energy depend
on many factors (temperature, pressure, total strain, strain
rate, grain size, etc.). We follow the general principles of
nonequilibrium thermodynamics [253, 254], distinguish the
rate with which mechanical energy is supplied to the system W
as a control parameter. The second important parameter is
temperature 7 that determines the rate of relaxation pro-
cesses.

The energy W transferred to the system is spent on heat
production, generation of defects, and increases the free
energy of the alloy:

dH TdS dEger
dr dr dr

+q, 3)

where H and S are the alloy enthalpy and entropy, Eqer is the
energy of defects, and ¢ is the release of heat in the system per
unit time. The form of Eqn (3) is more general than that
proposed in [65], where only the energy of defects was
considered and the change in the values of H and S as a
result of the possible development of nonequilibrium trans-
formations was not taken into account. The steady state of
the alloy achieved after prolonged treatment is characterized
by nonequilibrium stationary values H(T, W), S(T, W),
Eur(T, W), and the flow of supplied energy is completely
converted into heat (W = ¢). Thus, under SPD conditions,
the alloy is a classical dissipative system [253, 254].

Figure 23 schematically shows a diagram of nonequili-
brium stationary states of the alloy in the homologous
temperature (7/T},) coordinates— the intensity of external
action (W). The characteristic lines of the diagram are drawn
conventionally, but in qualitative agreement with the experi-
mental facts.

Equilibrium or nonequilibrium phase transformations are
realized in the alloy in the process of plastic deformation due
to the competition between the energy accumulation and
dissipation. Depending on the rate of relaxation processes
that return the alloy to thermodynamic equilibrium, areas
which differ in the behavior of the alloy under an external
effect may be distinguished in the diagram.

At high temperatures, when relaxation processes are
sufficiently quick (sector I), equilibrium phases are realized
in the system. Sector I is bounded at the top by a line above
which an external action violates thermodynamic equili-
brium, and on the left by a line (1) of ‘freezing’ of bulk long-
distance diffusion, which is necessary for phase transforma-
tions with a change in chemical composition during char-
acteristic times of external action. It is generally accepted that
bulk diffusion can be disregarded under normal conditions if
T/Tm < 0.5. Line (1) has a negative slope because SPD
accelerates diffusion by 5-15 orders of magnitude due to the
generation of nonequilibrium point defects (see Section 4).
Therefore, low-temperature phases may be realized during
external action, which are difficult to attain using other
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Figure 23. Diagram of nonequilibrium stationary states of the alloy under
SPD conditions. The region of nonequilibrium diffusive phase transfor-
mations is shaded. (See details in the text.)

processing methods. In particular, it was possible to observe
even at room temperature decomposition with the precipita-
tion of equilibrium phases in such systems as Ni—Cu [41, 43],
Cu—Co [151], and Fe-Ni [42]. The accelerated formation of
particles of the equilibrium Ni3; Al phase was observed in the
Fe—Ni-Al alloy as a result of SPD in Bridgman anvils at
T=573 K, while the treatment at 7= 77—473 K resulted, on
the contrary, in the dissolution of such precipitates [331].

The external influence (deformation) effectively competes
at moderate temperatures with relaxation processes, leading
to a variety of nonequilibrium phase and structural states
(sectors II-VI). These states differ by the way of dissipation of
the energy supplied to the alloy. The region of nonequilibrium
diffusive phase transformations is shaded in Fig. 23; a
detailed description of these sectors is given below.

At low temperatures, when diffusion processes are
suppressed (sectors VII and VIII), the main modes of
dissipation of the energy supplied to the alloy are direct
mechanical mixing of the alloy components and amorphiza-
tion. Disordering and/or amorphization develop to the left of
line (3); below line (2), ‘short’ diffusion, which controls atomic
ordering, freezes. According to [9], amorphization occurs
when the critical degree of mechanically induced disordering
is attained provided that the amorphous state of the alloy is
energetically advantageous compared to the disordered state.
In the limit of weak external influence (deformation), line (3)
attains a temperature of Tx (~ 300 K), at which short-
distance diffusion can be ignored. At 7 < Ta, even a
relatively weak but long-term plastic deformation can cause
complete disordering of the alloy and thereby trigger its
possible amorphization. As the grain size decreases, line (3)
shifts towards higher temperatures (parallel dashed line),
because the high density of grain boundaries facilitates
amorphization.

It should be noted that competition between amorphiza-
tion and ‘short’ diffusion is possible in sector VII; the latter
mechanism performs as an additional driver for returning to

an equilibrium (ordered) state and leads to nanocrystalliza-
tion in the amorphous matrix. This sector includes, in
particular, the cyclic amorphization—nanocrystallization
reaction observed in the Co—Ti system [53, 256]. In sector
VIII, diffusion is completely ‘frozen’, which prevents, among
other things, the development of dynamic recrystallization. It
should be expected that plastic deformation in this sector
occurs before the onset of amorphization due to the passage
of dislocations through the volume of grains, which leads to
disordering of the alloy by the direct mixing mechanism [14].
Most of the experimental observations concerning the
amorphization of alloys under SPD refer to temperatures no
higher than room temperature [8, 9], and a high processing
intensity and the attainment of a small grain size are usually
not required (sector VIII).

The issue of whether for nonequilibrium transformations
upon SPD (with prolonged exposure) to occur a certain
threshold of exposure intensity should be exceeded is
currently a matter of discussion. It was noted in [174] that
the degree of mixing of the components in the Fe—Cu alloy at
T =77-300 K is determined by the total, or actual, strain
and does not depend on the strain rate. An opinion has been
set forth in [65] that abnormal transformations are realized in
large (‘megaplastic’) deformations, regardless of the intensity
of alloy processing. This concept is valid, apparently, in the
case of low temperatures, when relaxation processes are
completely suppressed in the alloy. In our opinion, at higher
temperatures and a rather low intensity of external influence
(deformation), the energy supplied to the alloy can comple-
tely dissipate without the implementation of nonequilibrium
phase transformations. Therefore, we distinguish sector IX in
the diagram, in which the state of the alloy remains ‘frozen’.

The diagram also displays line (4) where dynamic
recrystallization (DR) begins and line (5) that separates the
regions of nano- and polycrystalline states. Line (4) has a
negative slope [65]. For example, DR is observed in the Fe—Cu
system under high-pressure shear deformation even at
T =77 K [174]. The DR temperature tends in the limit of
weak external influence (deformation) to that of the onset of
static recrystallization T}, which, depending on the composi-
tion of the material and the magnitude of deformation, may
be either lower or slightly higher than 0.57,. As the grain size
diminishes, temperature 7; and, consequently, the initial DR
line are shifted to the left (dashed line). A concept was
proposed in [65], according to which low-temperature DR
plays an important role as a mechanism that provides the
transition to the nanocrystalline (NC) state, since the
conventional mechanisms of plastic deformation (disloca-
tion and rotation modes) degenerate if the grain size
decreases to 200 nm [165]. Line (4) DR ends when the line of
the onset of amorphization is attained (3), since there is no
DR in the amorphous state.

One of the channels through which the energy supplied to
the system dissipates is the refinement of the grain structure.
A hypothesis regarding the existence of a stationary grain
size, which depends on temperature and strain rate, was put
forward long ago [332]. Apparently, it has been confirmed
experimentally [77, 86, 92-95, 333] (see Section 2.1), which
allows drawing line (5). The nanocrystalline state is qualita-
tively different from the polycrystalline one: the dislocation
and disclination regimes of plasticity are no longer operative
[64] and nonequilibrium grain boundaries emerge [3], near
which the crystal structure of the material is strongly
distorted. The positive slope of line (5) reflects the experi-
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mental observation that at low temperatures for the transition
to the NC state to occur sufficiently large degrees of plastic
deformation (duration of external influence) are required,
while a high intensity of external influence (deformation) is
not needed [65]. Line (5) ends upon reaching initial DR line
(4), in line with concept [65], according to which a low-
temperature DR is a prerequisite for the transition to the
NC state.

We now discuss in detail the nonequilibrium phase
transformations controlled by diffusion (shaded area in
Fig. 23, sectors II-VI).

In sector II, the mechanisms of nonequilibrium transfor-
mations (direct mechanical mixing of atoms, anomalous
diffusion at dislocations and GBs) effectively compete with
‘long’ bulk diffusion, which returns the system to thermo-
dynamic equilibrium. As a result, stationary dispersed states
and modulated structures can form (see Section 2.3). For
example, modulated structures have been observed in the Ag—
Cu system under SPD at higher temperatures (7' > 450 K),
while at lower temperatures a homogeneous state has been
attained [30]. The dispersed structure of the precipitates was
obtained as the limiting state upon grinding the powder of
the FeCr alloy in a ball mill, regardless of whether the initial
state was either homogeneous or a mixture of pure
components [334].

In sector II1I, the NC state is attained under conditions of a
high rate of bulk diffusion. The formation of nanocomposite
materials can be expected in this case in systems that consist of
immiscible components. The states attainable can be qualita-
tively similar to the ones realized in sector II, the difference
being that the transition to a dispersed state is now due to the
very fact of grain refinement.

In sector 1V, the joint development of disordering and
‘long’ diffusion is possible, providing transformations in
which chemical composition changes. The realization of a
disordered state in this case assumes a high intensity of
processing, since even a ‘short’ diffusion is sufficient to
restore atomic order upon weak external influence (deforma-
tion). The disordered state can then undergo a transition to
the amorphous phase [9]. The conditions of thermodynamic
equilibrium change in the presence of the amorphous phase,
which in turn can be accompanied by decomposition with the
precipitation of anomalous (nonequilibrium) crystalline
phases. An example of such a transformation is the decom-
position of the equilibrium tetragonal Nd;Fe ;4B phase into
an amorphous phase enriched in neodymium and oFe
nanocrystals, which was observed at HPT at 5-11 GPa
[157]. Also, the phase composition of the final product and
the presence of carbides in it were apparently determined in
the process of mechanical alloying of a mixture of iron,
chromium, and graphite powders in a ball mill by the
dynamic equilibrium between crystalline and amorphous
phases [335]. Another example is the Fes)Bsy system, in
which the FeB intermetallic compound is realized in the
equilibrium state. Various nonequilibrium phases based on
iron and boron and an amorphous Fe—B phase were observed
in the case of a high intensity of processing of a mixture of iron
and boron powders in a ball mill [336]. If the intensity of
processing in the same system decreases, a disordered Fe-B
solid solution emerges [54, 337]. The transition between two
variants of nonequilibrium states in this system should
correspond to the shift of the phase-diagram point of the
compound from sector IV to sector V in the diagram
displayed in Fig. 23.

Probably, sector IV should also include reduction reac-
tions of oxides [20, 21] under SPD, in the process of which
oxygen atoms diffuse over long distances, reach the surface,
and leave the particle. The occurrence of such reactions
indicates that the decomposition of the oxide with the
removal of oxygen is more energetically advantageous than
the disordered state, which is realized as a result of SPD.

In sectors V and VI, bulk diffusion is suppressed, while the
condition for the onset of amorphization has not been
fulfilled. It may be expected in this case that nonequilibrium
phase transformations are realized due to diffusion at
dislocations and grain boundaries, which move in the
process of external influence (deformation) [155]. According
to concept [65], plastic deformation in the NC state (sector V)
occurs due to the migration of grain boundaries, while the
leading plasticity mode in the polycrystalline state (sector VI)
is dislocation slip [64]. The difference between the mechan-
isms of plastic deformation in these sectors may be the reason
for the difference between the phase transformation scenar-
10s.

In sector V, diffusion along grain boundaries is of
significance, owing to which the development of nonequili-
brium segregations or decomposition on GBs may be
expected. Experimental data show that the phenomenon
most frequently observed in this sector of the diagram is the
formation of supersaturated solid solutions in the process of
mechanical alloying [13], which may indicate the important
role of grain boundary sliding and dynamic recrystallization
in this process. It should be noted that the formation of
segregations inhibits DR, thus contributing to the refinement
of the grain structure.

In sector VI, diffusion along dislocations, which can be
quite mobile, is allowed. Consequently, conditions arise for
the local dissolution of precipitates in the process of their
interaction with dislocations [32, 60, 155]. Diffusive cutting
by dislocations of NizAl y’-particles in the 75Ni—19Cr—6Al
alloy (at.%) [218], intermetallic particles in the Fe-Ni-Ti
austenitic alloy [231], and carbides in steels [232] has been
experimentally observed. If external influence (deformation)
continues for a long time, mechanical alloying may be
expected according to the mechanism proposed in [14], due
to the refinement of phase precipitates as a result of multiple
shears. However, mechanical alloying is activated in most
cases [13] in the process of the transition to the NC state
(sector V), where the dislocation mode of plasticity is
suppressed [64], which is inconsistent with the concept of
mechanical alloying proposed in [14]. The latter may be an
indication that a more important role is played in these
processes by the migration of grain boundaries, since,
according to [65], dynamic recrystallization is a prerequisite
for the transition to the NC state. Mechanical alloying can be
realized in the process of grain boundary sliding or as a result
of dissolution of precipitates under locally changed thermo-
dynamic conditions at GBs [155].

We now illustrate the formulated concept of nonequili-
brium transformations under SPD using as an example the
Mn-Al-C alloy. This system has been extensively studied in
experiments at various temperatures and intensity of proces-
sing in a ball mill [338-340]. Metastable ordered phase T is
formed near the equiatomic composition in this alloy upon
cooling to 7'< 840 °C, which corresponds to a local minimum
of free energy. This phase can subsequently decompose with
the formation of equilibrium phases enriched in aluminum or
manganese.
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The t-phase remained stable at a high temperature
T=700°C and a low intensity of external influence
(deformation), i.e., metastable equilibrium was maintained,
which corresponds to sector I of the diagram. As the intensity
of processing increased at the same temperature, decomposi-
tion into equilibrium phases BMn + MnAl-r(y,) was
observed, which was apparently triggered by an increase in
the density of defects; this phenomenon may be interpreted as
a shift from sector I to sector II of the displayed diagram. A
similar scenario was observed when the temperature dropped
to 500°C.

If the alloy was processed in a ball mill at room
temperature (7 = 20°C), the composition of the t-phase
remained stable, which indicates that bulk diffusion is frozen
under these conditions. However, disordering of the t-phase
occurred, apparently due to the slip of dislocations through
the grain volume (sector VI of the diagram). Finally,
processing at 77 K resulted in amorphization (sector VIII),
which indicates the absence at these temperatures of any other
channel for dissipation of the supplied energy. The absence of
amorphization at T = 20°C is apparently explained by the
effect of the mechanisms that restore atomic or crystalline
orders that are fully degenerated at T = 77 K.

Thus, the concept proposed in [328] systematizes the
results of experimental studies. In addition, an analysis of
the experimental results for MnAl shows that the temperature
conditions for disordering and amorphization do not always
coincide, in contrast to the conclusions made in [9].

6. Conclusion

The attractiveness of using SPD for production purposes is
due to the realization of nonequilibrium (or unattainable
using alternative processing methods) states of an alloy,
which are ‘frozen’ upon completion of external influence
(deformation). Direct mixing of atoms [14, 58], which
probably prevails at low temperatures, and anomalous
diffusion in the region of structural defects (dislocations,
grain boundaries) at moderate temperatures [32, 60, 155]
may be distinguished among many discussed mechanisms of
nonequilibrium transformations. However, the concepts of
transformations caused by flows of nonequilibrium vacan-
cies, changes in the thermodynamics of the alloy due to the
energy of accumulated defects, and local heating of the
material in the course of exposure are apparently of a
particular nature and do not have significant experimental
evidence to support them.

Martin’s phenomenology [149], which predicts a shift to
the high-temperature region of the phase diagram due to the
‘ballistic’ jumps of atoms in the process of external influence
(deformation), is in good agreement with the experimental
data at low 7. However, the microscopic mechanism of
transformation remains in this case a matter of discussion,
since the slip of dislocations under SPD is suppressed in the
volume of grains during the transition to the nanocrystalline
state [64], which contradicts the model of direct mixing [14,
58]. Direct mixing of atoms possibly occurs at grain
boundaries in the course of grain boundary sliding and low-
temperature dynamic recrystallization, especially since,
according to [65], DR is a prerequisite for a nanocrystalline
state to be realized.

To analyze nonequilibrium transformations at moderate
values of T, a model has been proposed [155] which takes into
account diffusion under locally changed thermodynamic

conditions at dislocations and grain boundaries and possible
migration of boundaries in the process of external influence
(deformation). It has been shown that diffusion on moving
defects may result, depending on the type of system,
temperature, and defect passage rate, in a variety of none-
quilibrium structural states and phase transformations
(disordering of the alloy, dissolution of precipitates, realiza-
tion of nonequilibrium phases and dissipative structures,
nonequilibrium segregations). The possibility of extending
the model concepts of [155] to the low-temperature region is
limited by the suppression of diffusion at defects at low T.
However, a hypothesis has been put forward in recent work
[238] regarding the crowdion mechanism of diffusion at
dislocations under SPD, which can maintain diffusive mass
transport even at cryogenic temperatures.

A classification of possible scenarios of nonequilibrium
transformations under SPD has been proposed based on an
analysis of experimental observations and general principles
of nonequilibrium thermodynamics. According to the con-
cepts formulated in [328], the change in the transformation
mechanism is determined by switching between the channels
through which the supplied energy dissipates (diffusion in the
bulk of the material and at defects, dynamic recrystallization,
and slip of dislocations) as temperature and intensity of
external influence (deformation) vary and grain size
decreases. A diagram of nonequilibrium stationary states of
an alloy during SPD has been proposed, which provides a
unified explanation of the set of experimental observations,
designates the areas where various models of nonequilibrium
transformations are applicable, and predicts the mechanism
that drives the development of phase or structural instability
as the intensity of external influence (deformation) or
temperature change.

The work was performed as part of the Governmental
Contract on the topics Magnet (no. AAAA-A18-118020290129-5)
and Structure (no. AAAA-A18-118020190116-6), a governmen-
tal contract of the Institute of Solid State Physics, Russian
Academy of Sciences and the Chernogolovka Research
Center, the Russian Academy of Sciences, and the project of
the Russian Foundation for Basic Research, no. 18-03-00067.
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