
ISSN 0021-3640, JETP Letters, 2020, Vol. 111, No. 10, pp. 568–574. © Pleiades Publishing, Inc., 2020.
Published in Russian in Pis’ma v Zhurnal Eksperimental’noi i Teoreticheskoi Fiziki, 2020, Vol. 111, No. 10, pp. 674–681.

CONDENSED
MATTER
Formation of the ω Phase in the Titanium–Iron System
under Shear Deformation

B. B. Straumala, b, c, d, *, A. R. Kilmametovb, d, A. A. Mazilkina, d, A. S. Gornakovaa,
O. B. Fabrichnayae, M. J. Kriegele, D. Rafajae, M. F. Bulatovf,

A. N. Nekrasovg, and B. Baretzkyd

a Institute of Solid State Physics, Russian Academy of Sciences, Chernogolovka, Moscow region, 142432 Russia
b Chernogolovka Center of Russian Academy of Sciences, Chernogolovka, Moscow region, 142432 Russia

c National University of Science and Technology MISiS, Moscow, 119049 Russia
d Institute of Nanotechnology, Karlsruhe Institute of Technology, Eggenstein-Leopoldshafen, 76344 Germany

e TU Bergakademie Freiberg, Institute of Materials Science, Freiberg, 09599 Germany
f Scientific and Technological Center of Unique Instrumentation, Russian Academy of Sciences, Moscow, 117342 Russia

g Institute of Experimental Mineralogy, Russian Academy of Sciences, Chernogolovka, Moscow region, 142432 Russia
*e-mail: straumal@issp.ac.ru

Received April 11, 2020; revised April 15, 2020; accepted April 15, 2020

The effect of the phase composition on the α/β-Ti(Fe) → ω-Ti(Fe) transformation in the Ti–4 wt % Fe alloy
under shear strain with high-pressure torsion (HPT) has been studied. For shear deformation by means of
HPT, two initial states of the alloy were used, which significantly differed in the morphology of the phases
and the concentration of iron atoms in the β phase. During HPT, a stationary state occurred in both sample
series, which is characterized by the presence of a single ω phase containing 4 wt % Fe and by a grain size of
about 200 nm. Thus, the HPT state is equifinal and independent of the initial phase composition of the sam-
ples. It was found that under the influence of HPT in Ti–4 wt % Fe alloys not only martensitic (shear) trans-
formation into the ω phase occurs, but also a significant mass transfer of atoms of the alloying element. An
analysis of the change in the torsion torque directly in the HPT process made it possible to estimate the rate
of deformation-induced mass transfer. It is 18–19 orders of magnitude higher than the rate of conventional
thermal diffusion at the processing temperature °C, while it is close to the diffusivity values at 700–
800°C. This is because HPT increases the concentration of lattice defects, which in turn is equivalent to an
increase in temperature. A similar combination of accelerated mass transfer during HPT and martensitic
(shear) transformation was previously observed in copper-based shape memory alloys, but for the first time
studied for the formation of ω-phase in titanium alloys.
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Severe plastic deformation (SPD) and, in particu-
lar, high-pressure torsion (HPT) can cause various
phase transformations in solids [1–7]. Among them
are the transformations of crystalline phases into
amorphous [8–12], and amorphous ones into crystal-
line [8, 13, 14]. Severe plastic deformation can also
lead to competition between decomposition and the
formation of a supersaturated solid solution upon dis-
solution of particles of the second phase [6, 15–17].
Transformations caused by SPD include transitions
between allotropic modifications of substances, and in
particular, the formation of the high-pressure ω phase
in alloys based on titanium, zirconium, and hafnium
[18–25]. Phase transformations during SPD can be
both martensitic (shear) ones [26–28] as well as diffu-
sive (with mass transfer) [6, 15, 17, 28–32]. Along with
phase transformations, during SPD, microstructure

changes that are usual for this process also occur, in
particular, grain refinement, as well as hardening by
the Hall–Petch mechanism [27]. In the latter case, we
are talking about the fact that with a decrease in grain
size, many new grain boundaries arise, which impede
the movement of dislocations and, thus, increase the
strength of the material.

An important feature of SPD is that the material
under the influence of external deformation is placed
in such geometric conditions that, despite the influ-
ence of external forces, it is deformed, but cannot be
destroyed [4, 6]. It is clear that the accumulation of
lattice defects under the influence of external defor-
mation cannot occur infinitely. This means that relax-
ation processes begin in the material during SPD, and
their rate increases until the processes of formation of
defects and their annihilation are equalized. Then, a

=HPT 30T
568



FORMATION OF THE ω PHASE IN THE TITANIUM–IRON SYSTEM 569
stationary state occurs in which the structure parame-
ters and phase composition cease to change with a fur-
ther increase in deformation. It is interesting to note
that these parameters in the stationary state, as it
turned out, are almost independent of the initial struc-
ture and material properties. In other words, the sta-
tionary state in SPD is characterized by the so-called
equifinality [33]. This means that the structure and
properties of the material in a stationary state are
affected by the deformation parameters (pressure,
temperature, strain rate), but not by the initial state. At
the same time, it is obvious that the path from the ini-
tial state to the stationary one will strongly depend on
the initial state of the material. The study of the fea-
tures of this path is the goal of this work.

As an object for research, we chose a Ti–4 wt % Fe
alloy. In our recent work, we found that HPT in this
alloy causes an almost 100% transition of the β- and
α-phases to the high pressure ω-phase [26]. This is
due to the fact that, when iron is added to titanium, the
β-phase lattice period decreases and the ω-phase lat-
tice period remains almost unchanged. As a result, at
4 wt % Fe, the orientation relationship between the
initial β-phase and the ω-phase becomes almost ideal,
and the β-phase quickly and easily passes into the ω-
phase during HPT. This transformation proceeds by a
martensitic (shear) mechanism, without mass transfer.
If the iron concentration in titanium is less than or
more than four percent, then the volume fraction of
the ω-phase after HPT decreases. Moreover, mass
transfer occurs during the phase transition

, and it does not remain completely mar-
tensitic [26]. In this work, we also found that the result
of this transformation is almost independent of the
initial fraction of the α- and β-phases in the sample
[26]; therefore, this object seems to us to be ideal for
studying the ways of  transformation and
reaching a stationary state with 100% of ω-phase
during HPT.

The Ti–4 wt % Fe alloy for our experiments was
prepared using induction melting in vacuum (from
titanium and iron with a purity of 99.9 wt %) in the
form of ingots with a diameter of 10 mm. They were
cut into 0.7 mm thick disks by the spark erosion. These
disks were sealed in evacuated quartz ampoules with a
residual pressure of 4 × 10–4 Pa. Ampoules with sam-
ples were annealed in a SUOL resistance furnace at
temperatures of 800°C for 100 h and 615°C for 270 h.
Points corresponding to annealing temperatures and
alloy concentrations of 4 wt % iron, are positioned in
the Ti–Fe phase diagram in the αTi + βTi region [34].
After annealing, the samples were quenched in water
(the ampoules were broken). After annealing and
quenching, the samples were subjected to HPT in a
Bridgman anvil cell (W. Klement GmbH, Lang,
Austria) at room temperature, pressure of 7 GPa and
five revolutions anvil at a speed of 1 rpm. Samples for
structural studies were mechanically ground and pol-
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ished on diamond paste with a grain size down to
1 μm. Samples after HPT were cut out at a distance of
3 mm from the center of the deformed disk. The
resulting sections were studied using scanning electron
microscopy (SEM) and X-ray microanalysis on a Tes-
can Vega TS5130 MM instrument equipped with a
LINK energy dispersive spectrometer (Oxford Instru-
ments). X-ray diffraction patterns were obtained in
Bragg–Brentano geometry on a Philips X’Pert powder
diffractometer using Cu Kα radiation. The lattice
parameter was determined using the Fityk program
[35]. Alloy phases were identified by comparison with
X’Pert HighScore Panalytical phase database. Trans-
mission electron microscopy (TEM) was performed
on a TECNAI G2 FEG super TWIN (200 kV) micro-
scope equipped with an energy dispersive spectrome-
ter (EDAX). Thin-film samples for TEM were made
by electro polishing on an Electrolyte D2 device
(Struers).

The annealing temperatures of our samples were
chosen in the region of  of the Ti–Fe phase dia-
gram in such a way that the temperature of 800°C lies
near the transus line (being the boundary between the
region of  and the single-phase β-region in the
phase diagram of titanium alloys). Thus, at a tempera-
ture of 800°C, in accordance with the phase diagram,
the sample should contain almost only the β-phase
and a small amount of α-phase. A temperature of
615°C is also in the two-phase  region, but it is
only slightly higher than the temperature of the eutec-
toid transformation of the β-phase into a mixture of
the α-phase and TiFe intermetallic compound [34].

Figure 1a shows a SEM image of a sample annealed
at a temperature of 800°C. The β-phase in this image
appears light-gray, and the α-phase looks dark-gray. It
is clearly seen that, as expected, the β-phase predom-
inates in the bulk of the sample. In this case, the
α-phase is located both in the volume of β-phase
grains in the form of small particles, and along the β/β
grain boundaries in the form of continuous interlayers
or in the form of particle chains. In this case, we are
dealing with the phenomenon of the so-called “wet-
ting” of grain boundaries by interlayers of the second
solid phase [36–39]. We studied this phenomenon in
detail for a number of titanium-based alloys [36, 40–
44]; it is observed, as a rule, in the two-phase 
region of the phase diagram. At high temperature, the
α-phase almost completely “wets” all grain boundar-
ies in the β-phase, and as the temperature decreases,
the fraction of boundaries in the β-phase completely
“wetted” by layers of the α-phase decreases gradually
[40–44]. Therefore, in Fig. 1b it is clearly seen that,
indeed, that the fraction of the α-phase at the anneal-
ing temperature of 615°C is much higher than at the
temperature of 800°C. In this case, only individual
boundaries between the grains of the β-phase are
completely covered by interlayers of the α-phase. At
low temperatures, the grain boundaries with the high-
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Fig. 1. SEM images of Ti–4 wt % Fe alloy annealed at (a) 800°C, 100 h and (b) 615°C, 270 h. (c) Dark-field TEM image of the
same alloy after HPT at five revolutions.
est energy remain completely wetted [45]. Figure 1c
shows a dark-field TEM image of the same alloy after
HPT at five revolutions. It can be seen that the grains
after HPT are not completely equiaxial, but slightly
elongated in the direction of deformation, and their
size is about 200 nm.

Figure 2 shows a number of X-ray diffraction pat-
terns of the studied alloy after annealing before HPT,
JETP LETTERS  Vol. 111  No. 10  2020
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Fig. 2. (Color online) X-ray diffraction patterns of the Ti–
4 wt % Fe alloy annealed at 800°C, 100 h and 615°C, 270 h
(a) before and (b) after HPT. The top and bottom patterns
correspond to HPT at five revolutions. The middle pattern
is taken after 0.1 turn on the sample annealed at 800°C,
100 h.
as well as after HPT. The diffraction pattern of the
sample after annealing at 800°C (the upper curve in
Fig. 2a) really contains peaks of the α- and β-phases,
and the fraction of the α-phase in this sample is lower
than in the other state studied. Accordingly, after
annealing at 615°C, the fractions of the α- and
β-phases, as can be expected from the phase diagram,
are almost equal (lower curve in Fig. 2a). The dotted
line shows the position of the (110) and (200) peaks of
the β-phase on the upper and lower curves (the
β-phase contains more iron after annealing at 615°C
than after annealing at 800°C). After HPT, the X-ray
diffraction patterns of the two samples studied
JETP LETTERS  Vol. 111  No. 10  2020
(respectively, the upper and lower curves in Fig. 2b)
are almost indistinguishable from each other. They
mainly contain peaks of the ω-phase with a very small
amount of residual α-phase. These results are consis-
tent with previously obtained data [26]. Thus, from the
point of view of the content of different allotropic
modifications of titanium, the state of the samples
after five turns of the HPT plunger is equifinal. In
other words, the samples contain only the ω-phase,
and their phase composition does not depend on the
phase composition before the HPT.

Figure 3 shows the dependences of the torsion
torque during HPT on the angle of rotation of the
plungers for two samples annealed at 800°C (Fig. 3a)
and 615°C (Fig. 3b). The magnitude of the torsion
torque is measured directly in the HPT process using
a special sensor. Both curves show a rapid increase in
torsion torque at the initial stage of deformation (from
0° to about 30°). The initially undeformed sample is
hardened due to the grain refinement and increase in
the density of dislocations. At high rotation angles
(more than 400°), the magnitude of the torsion torque
in both samples studied is the same and amounts to
∼300 Nm. This corresponds to a stationary state in
which, as we saw from Fig. 2, the sample contains
almost 100% of high pressure ω-phase. The portions
of the curves of the angular dependence of torsion
torque between the initial strength increase and the
stationary state are different. So in a sample annealed
at a temperature of 800°C, the torsion torque increases
rapidly and reaches a stationary state already at about
100°. This can be explained by the fact that the initial
sample contains a high volume fraction of the
β-phase, which, in turn, has an iron concentration
closer to the nominal value in the Ti–4 wt % Fe alloy.
As shown earlier [26], the HPT of an alloy with 4 wt %
Fe in the β-phase leads to a relatively rapid conversion
to the ω-Ti phase already in the early stages of defor-
mation. Figure 2b (middle curve) shows the diffrac-
tion pattern of the sample annealed at a temperature of
800°C after 0.1 turn of the plunger (rotation angle
~35°). Like the upper curve in Fig. 2a, this pattern
contains peaks of the α- and β-phases, but the
β-phase has already begun to disappear, and a peak of
the ω-phase appears between the  and 
peaks.

The sample annealed at a temperature of 615°C
contains both β- and α-phases. In this case, the α-
phase (in accordance with the phase diagram) almost
does not contain iron, and the β-phase contains
almost 10 wt % Fe (see the shift of β peaks in Fig. 2a)
[34]. After HPT, the entire sample contains only ω-Ti
with the same concentration of 4 wt % Fe in the whole
volume. We can assume that, like in [28], mass transfer
precedes the martensitic (shear) transformation. In
other words, the iron-poor α-phase should be first
mechanically mixed with the iron-rich β-phase. That
is why we believe that hardening in the early phase of

α(0002) β(110)
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Fig. 3. Torsion torque during HPT versus the angle of rota-
tion of the plunger for the Ti–4 wt % Fe alloy annealed at
(a) 800°C, 100 h and (b) 615°C, 270 h.
deformation finishes quickly and a slow and, appar-
ently, two-stage hardening of the alloy begins
(Fig. 3b). The first stage takes place from 20° to about
70°. The second stage of alloy hardening occurs in the
region from 70° to ∼300°. Only after this, the station-
ary state appears in which the sample contains approx-
imately 100% of the ω-phase.

Thus, during HPT, in addition to diffusionless
(and relatively fast)  and  transforma-
tions, the processes associated with mass transfer also
occur. To describe the mass transfer stimulated by
HPT in copper and aluminum alloys, we estimated the
equivalent diffusion coefficient [6, 15, 17, 29, 30].
Now we perform this assessment for mixing in a tita-
nium alloy. In the initial state (see Fig. 1b), the alloy
annealed at 615°C contains the α-phase with almost
zero iron content and the β-phase with ∼10 wt % Fe.
The grain size of the α- and β-phases is approximately

 μm (Fig. 1b). After deformation, the sample
contains only the ω-phase with 4 wt % Fe (see Fig. 2)
and a grain size of approximately 200 nm (Fig. 1c)
[26]. The time required to reach this stationary state is

α → ω β → ω

= 5L
approximately  s (see Fig. 3b). Using the sim-
ple formula L = (Dt)0.5 for mass transfer through vol-
ume diffusion, we estimate the volume diffusion coef-

ficient as  m2 s–1. Bulk diffusion of iron in
β-titanium occurs at such a rate at ∼800°C [46] and in
α-titanium at ∼700°C [47]. Extrapolation of the data
for the volume diffusion of iron in titanium to the
temperature of the HPT  30°C gives the value

 m2 s–1. Thus, the  trans-
formation in titanium under the influence of HPT is
accompanied by the accelerated mass transfer at a rate
18–19 orders of magnitude higher than the rate of
ordinary thermal diffusion at room temperature (i.e.,
at the HPT temperature ) although high pressure
itself significantly reduces the kinetic coefficients of
mass transfer [48, 49]. However, it should be noted
that in β-titanium (as well as in β-zirconium), the
value of D decreases with increasing pressure much
more slowly than in metals with face-centered cubic
lattice [50–54]. Moreover, for example, iron and
chromium diffuse in Ti much faster than the self-dif-
fusion of titanium proceeds [52, 54]. This can be
explained by the fact that diffusion in β-Ti occurs not
only through vacancies, but also through interstices,
and the crowdion mechanism is possible as well [50,
51, 53, 55]. The variety of diffusion mechanisms is
manifested in the significant nonlinearity of the
Arrhenius dependences for D [46, 47, 50–52, 54, 55].
A similar superposition of two or several “barrier” dif-
fusion mechanisms can lead to various artifacts, such
as unphysically high activation energies or even a neg-
ative activation volume [56–60].

We observed this phenomenon earlier in the case of
HPT-induced competition between the decomposi-
tion of a solid solution and the dissolution of particles
in copper alloys [6, 17, 29, 30]. As before, we can attri-
bute to the HPT-induced mass transfer some effective
temperature  = 700–800°C [6, 17, 29, 30]. Appar-
ently, this phenomenon is explained by an increased
concentration of defects (in particular, vacancies)
during high-pressure analysis, and it, in turn, is equiv-
alent to an increase in temperature from  to .
In fact, of course, during HPT, a real increase in tem-
perature or acceleration of diffusion does not occur [3,
5, 7, 21, 28, 29]. In HPT, mass transfer occurs over
long distances, and on scales from nanometers to mil-
limeters. Moreover, in fact, a huge number of defects
of various types are born (and disappear). So, for
example, during HPT, the amorphization of a number
of alloys is often observed, which does not occur at all
when they are heated [8, 12]. As a result, the final pic-
ture of processes during HPT is similar to that
observed with increasing temperature [61–64].
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