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Abstract. The paper reviews results of experimental and theoretic studies of diffusion and related
phenomena (grain growth, creeps, superplasticity) in bulk nanostructured materials. The particular
attention is paid to the recent development in fabrication of bulk nanostructured materials and
their microstructural characterization, evolution of bulk nanostructured materials during heating.
Experimental study and theoretical modeling of grain boundary diffusion in bulk nanostructured
materials are described. Related phenomena (grain growth, creep, superplasticity) in such
materials and also ordering-reordering kinetics are presented.
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1. INTRODUCTION

Since the introduction of nanocrystalline materials
and the progress in preparation techniques, many
investigators have hoped to discover extraordinary

properties (physical and mechanical) in pure met-
als and alloys with nanocrystalline structure. This
hope is broadly based on the fact that grain bound-
ary (GB) related phenomena should effectively
manifest themselves as grain size decreases to
nanorange scale. Therefore, nanocrystals, materi-
als with mean grain size of 100 nm and less, have
recently become the subject of noteworthy inter-
est. They demonstrated novel and often extraordi-
narily properties such as a decrease in the elastic
moduli, decrease of Curie and Debye temperatures,
enhanced diffusivity and improved magnetic proper-
ties [1]. With respect to mechanical properties e.
g., high strength, wear resistance, ductility, high
strain-rate superplasticity were observed in many
experiments [2]. Recently Nature published the
paper on finding of low temperature and/or high strain
rate superplasticity in nanocrystalline metals and
alloys [3]. These results have remarkable scientific
value for materials science and allow developing of
new technology for superplastic forming of complex
shape components. It is supposed that such su-
perplastic properties of nanocrystalline materials is
due to abnormally high diffusivity and has been indi-
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rectly confirmed in some publications on diffusion
measurements in nanocrystalline materials [4, 5].
Moreover, both high diffusivity and high strain rate
superplasticity may be induced by the grain bound-
ary phase transitions (see Chapter 6 of this review).
Therefore, the application of the recently proposed
GB phase diagrams will allow to explain the unusual
properties of nanocrystalline materials and to de-
velop the advanced nanocrystalline alloys with novel
properties.

A comprehensive study of physical and mechani-
cal properties has become possible as innovative
methods such as severe plastic deformation (SPD)
and ball-milled powders consolidation, were ad-
vanced. By these methods bulk nanostructured
samples from pure metals, alloys and usually
thought brittle intermetallics can be processed [6,
7]. However, nanostructured materials processed by
different methods often differ drastically in proper-
ties in spite of the fact that they have comparable
mean grain size. There is no consensus on what is
a reason for such discrepancy.

As mentioned above the interfacial structures
and their evolution in mechanically synthesized
nanostructured solids are essentially different from
those in conventional coarse-grained polycrystals
and nanocrystalline solids synthesized by non-me-
chanical methods due to high density of severe-de-
formation-induced non-homogeneities in the inter-
facial structures as well the presence of high-den-
sity ensembles of lattice defects in grain interiors,
that strongly interact with the interfaces. In many
cases the complicately arranged interfacial struc-
tures and their effect on diffusion phenomena in
nanostructured metals and alloys can not be
unambiguously identified by contemporary experi-
mental techniques [8,9]. This can be studied by
theoretical modeling of both the interfacial structures
and diffusion processes in materials under study
needed to understand their nature and evaluate their
potential for practical use.

This review highlights a scientific progress made
recently by different groups of scientists united in
framework of the project INTAS 99-1216.

Part 2 is devoted to recent developments in fab-
rication of bulk nanostructured materials by means
of severe plastic deformation. Using finite element
modeling (FEM) of equal channel angular pressing
(ECAP) a distribution of plastic deformation inten-
sity and contact pressure during different friction
conditions were obtained. The modeling has shown
a high sensibility of plastic deformation uniformity
to friction conditions between ingot and die. The
results were employed to optimize ECAP process

and to fabricate bulk ingots with uniform
nanostructured states in hard-to-deform tungsten
and titanium. New results in microstructural
characterization of nanostructured materials ob-
tained by high pressure torsion (HPT) is presented.
An influence of HPT parameters such as applied
pressure, total strain, temperature on the
microhardness and microstructural evolution during
HPT in samples of pure nickel are discussed.

Part 3 represents some new results on micro-
structural evolution of ECAP nickel during annealing.
Thermal stability is most important issue for ultra-
fine grained (UFG) and nanostructured materials.
Any successful utilization of nanostructured mate-
rials depends upon the subsequent thermal stabil-
ity of the materials. In practice the microstructures
produced by severe plastic deformation are in a
metastable condition so that relaxation may occur
at significantly lower temperatures than in coarse-
grained materials.

Part 4 presents experimental study of GB diffu-
sion  in nanocrystalline and nanostructured materi-
als. Higher diffusivity observed in nanostructured
nickel processed by SPD methods has been ex-
plained by non-equilibrium state of grain boundaries
in the materials under study. The consistent model
of ordering and diffusion by means of vacancy mi-
gration for nanocrystalline and coarse grained ma-
terials has been presented. This is a well defined
starting point to separate the atomic migration in
the crystallites and in the grain boundaries of
nanocrystalline materials

Part 5 is devoted to theoretical modeling of grain
boundary diffusion in bulk nanostructured materials
with special attention paid to the role of non-equilib-
rium grain boundaries in the diffusion enhancement.

Part 6 has a deal with the influence of GB phase
transitions like wetting, prewetting, premelting on
the properties of materials. Application of the re-
cently proposed GB phase diagrams is illustrated,
particularly for the description of superplasticity in
alloys and semi-solid processing of materials. For
the first time it was suggested to explain high strain
rate superplasticity by the existence of the equilib-
rium GB liquid-like layer close to the bulk solidus.

Part 7 is related to ordering-reordering kinetics
in nanostructured intermetallics processed by me-
chanical alloying. Short introduction to ball milling
is given. The reordering of mechanically disordered
Ni

3
Al-based alloys was experimentally studied by

means of differential scanning calorimetry and mag-
netization measurements. It is shown that the ap-
parent activation energies of the second stage are
very close to the reported values of the activation
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energies for ordering and vacancy migration in these
alloys. Reordering occurs through the formation and
coarsening of ordered domains.

In Conclusion all results are summarized from
the viewpoint of advantage of nanostructured mate-
rials in comparison to their coarse-grained counter-
parts. Some examples of application of NS metals
and alloys are presented.

2. RECENT DEVELOPMENTS IN
FABRICATION OF BULK
NANOSTRUCTURED MATERIALS
USING SEVERE PLASTIC
DEFORMATION

There has been considerable interest over the last
decade in processing materials using various tech-
niques of severe plastic deformation in which intense
plastic straining is achieved under a high confining
pressure [6,10]. These techniques have the poten-
tial of refining the microstructure of metals and al-
loys to the submicrometer or even the nanometer
range. The two most important SPD techniques for
producing bulk non-porous samples are equal-chan-
nel angular pressing and high-pressure torsion. Fig.
2.1 shows a schematic view of ECA (a) and HPT(b)
processing.

Let us review briefly methods of severe plastic
deformation suitable for formation of nanostructures.
These methods have to meet a number of
requirements taken into account while developing
them for formation of nanostructures in bulk samples

and billets. These requirements are as follows. First,
it is important to obtain ultra fine-grained structures
with prevailing high-angle grain boundaries since only
in this case a qualitative change in properties of
materials may occur. Second, the formation of
nanostructures uniform within the whole volume of
a sample is necessary for providing stable proper-
ties of the processed materials. Third, though
samples are exposed to large plastic deformations
they should not have any mechanical damage or
cracks. Traditional methods such as rolling, draw-
ing or extrusion have not met these requirements.
Formation of nanostructures in bulk samples is im-
possible without application of special mechanical
schemes of deformation providing large deformations
at relatively low temperatures as well as without
determination of optimal regimes of material pro-
cessing. At present the majority of the obtained
results are connected with application of two SPD
methods: high pressure torsion [11-24] and equal
channel angular pressing [11-15, 24-31]. There are
known some investigations on formation of nano-
and submicrocrystalline structures in various met-
als and alloys by means of multiple forging [32-39].

2.1. ECA Pressing

The method of ECA pressing realizing deformation
of massive billets via pure shear was developed by
Segal and co-workers in the beginning of the eight-
ies [24,27]. Its goal was to introduce intense plas-
tic strain into materials without changing the cross
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section area of billets. Due to that, their repeat de-
formation is possible. In the early 90s the method
was further developed and applied as an SPD method
for processing of structures with submicron and
nanometric grain sizes [11,13,31]. In these experi-
ments the initial billets with a round or square cross
section were cut from rods, from 70 to 100 mm in
length. The cross section diameter or its diagonal
did not exceed 20 mm, as a rule.

During ECA pressing a billet is multiple pressed
through a special die using an ECA facility in which
the angle of intersection of two channels is usually
90°. If necessary, in the case of a hard-to-deform
material, ECA pressing is conducted at elevated
temperatures.

A general relationship to calculate the strain
value of the billet during ECA pressing for N passes
has the following form [25]:

e N
N

= ×

+ + +�
�
�

�
�
�

2 2 2 2 2

3

cot( / / ) cosec( / / )
.

φ φΨ Ψ Ψ  (2.1)

Here ψ and φ are outer and inner angles, respectively.
From this relationship it follows that for the angles,
φ =90°, Ψ=20°, each pass corresponds to an addi-
tional strain value approximately equal to 1.

During ECA pressing the direction and number
of billet passes through the channels are very
important for microstructure refinement. In papers
[25,28-30] the following routes of billets were
considered (Fig. 2.2): orientation of a billet is not
changed at each pass (route A); after each pass a
billet is rotated around its longitudinal axis through
the angle 90° (route B); after each pass a billet is
rotated around its longitudinal axis through the angle
180° (route C). The application of all three routes
results in an increase in values of yield stress and
strength of a processed material which after several
passes achieve saturation [26]. In [31] it was shown
also that the first three passes at ECA pressing of
Cu and Ni samples lead to a growth of a strain load.
Further, there is a stable stage of strengthening and
the load does not almost change.

Recently, a series of papers described the mi-
crostructural evolution occurring during ECAP has
been published and it was shown that the mean
grain size and microstructure homogeneity were
dependent upon the precise pressing procedure such
as routines and temperature described in
[28,31,40,41] and friction and strained condition of
samples during ECA pressing [42]. Below we dis-
cuss recent results on optimization of ECA process-
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ing in bulk nanostructured metals and alloys includ-
ing hard-to-deform ones.

Experimental and Finite Element Modeling of
ECA processing. The investigations of the strained
condition were conducted on Cu (99.9%) cylindri-
cal ingot with diameter 20 mm and length 100 mm,
subjected to one pass pressing at room tempera-
ture in ECA die-set with two channels intersecting
under 90° (Fig. 2.1). The graphite lubricant was used
to decrease friction between ingot and die. At this
the coefficient of ingot friction on die walls matches
about 0.2. The Al plugs with 2 mm in diameter were
embeded into an ingot. The plugs were placed per-
pendicular to the longitudinal axis in different places

90°

B
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(Fig. 2.3a). As far as SPD by ECA pressing is ful-
filled just by simple shear the strained condition were
estimated according to the intensity amount of de-
formation by shear, calculated in respect to the plugs
inclination angle ϕ from their initial state. At this the
intensity of deformation by shear was calculated by
the formula Γ = tan ϕ.The picture of the strained
condition in the vertical longitudinal cross section
of the ingot coinciding with channels plane indicates
the non-uniformity of plastic flow (Fig. 2.3b). The
domain of non-uniform deformation about to the lower
part of the ingot in cross section and amount to
about 10-12% of cross section square. One may
suppose that this area can essentially influence the
formation of homogenous structure in the ingot dur-
ing a multiple repeat of ECA pressing. The domain
of non-uniform deformation of the upper part of
sample cross section is very small and its role may
not be considerable during structure development.
It was also determined that a strain rate during ECA
pressing did not effect essentially the character of
non-uniformity in distribution of shear strain. Fric-
tion between ingot and die is one of the most
important parameters affected the ECA pressing and
structure forming character in the wrought ingot.
However, it is very difficult to investigate experimen-
tally the influence of this parameter for friction
coefficient value k<0.2. In this connection computer
simulation was done by finite element technique.

FEM of material plastic flow and strained condi-
tion was carried out by the computing code ANSYS
5.5 [43]. The material model with isotropic harden-
ing and diagram of true stress strain behavior for
pure Cu was used. The modeling was conducted
for channels intersected on the angle of 90°. Fric-

tion coefficient k was considered as a varying pa-
rameter. First, the modeling was conducted with the
friction coefficient k = 0.2, that conforms to experi-
mental conditions of ECA pressing. The obtained
picture indicates that plastic deformation intensity
is non-uniform in this case and maximal in the do-
main adjoining to the outer die angle (Fig. 2.4a).
The decrease of friction coefficient k down to 0 re-
sulted in more uniform flow (Fig. 2.4b). Thus, char-
acter of the strained condition and uniformity of plas-
tic flow during ECA pressing is very sensible to fric-
tion coefficient k. Therefore, one can operate the
uniformity of plastic flow of microstructural refine-
ment varying friction conditions.
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Calculation of the contact pressures between
ingot and die aimed to choose the material provid-
ing workability and safety of forming tool was ful-
filled as well. The proportion of applied pressure and
contact pressure in the walls of the die-set indicates
the necessity to use the die produced of high-
strength steels.
Application of Modeling Results. The results of
the experimental simulation and FEM of plastic flow
and strained condition in SPD ingots enable to chose
the most optimal conditions for application of ECA
pressing to obtain bulk uniform nanostructured in-
gots due to fitting of optimal friction conditions. By
present time, techniques of obtaining of bulk ingots
with uniform ultrafine-grained nanostructures in Cu,
Ni and others ductile and relatively easy wrought
pure metals and alloys were worked through. Tech-
niques and problems of obtaining such
nanostructured states in bulk ingots of hard-to-de-
form metals including Ti and W could be work out
now by modification of the ECA die-set and pro-
cessing regimes.

As an example, we managed to develop an
uniform ultrafine-grained structure with a mean grain
size less than 1 µm (Fig. 2.5) by ECA pressing of
low ductile and hard-to-deform tungsten in order to
enhance strength and plasticity in comparison with
the initial state.

By FEM of ECA pressing a distribution of plas-
tic deformation intensity and contact pressure dur-
ing different friction conditions were obtained. There
is a high sensibility of plastic deformation uniformity
to friction conditions between ingot and die. The
approaches of enhancement of ECA pressing
uniformity due to optimization of friction conditions
based on the obtained results of experimental and
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FEM have allowed to fabricate bulk ingots with uni-
form nanostructured states in hard-to-deform tung-
sten and titanium.

2.2. High Pressure Torsion

Devices, where high pressure torsion (HPT) was
conducted, were first used in [44,45]. Their design
is a further development of the Bridgeman anvil type
device [46]. In the first work these devices were used
for investigation of phase transformations during
heavy deformation [44] as well as evolution of struc-
ture and changes in temperature of recrystallization
after large plastic deformations [17,18]. Successful
formation of homogeneous nanostructures with high-
angle grain boundaries via severe torsion straining
[6,12,40] was a very important step allowing one to
consider this procedure as a new method for pro-
cessing of nanostructured materials.

The samples fabricated by severe torsion strain-
ing are usually of a disk shape, from 10 to 20 mm in
diameter and 0.2-0.5 mm in thickness. A signifi-
cant change in the microstructure is observed already
after deformation by 1/2 rotation [19], but for forma-
tion of the homogeneous nanostructure several
rotations are required, as a rule.

Recent investigations also showed that severe
torsion straining can be used successfully not only
for the refinement of a microstructure but also for
the consolidation of powders [21-23,47,48]. It was
revealed that during torsion straining at room tem-
perature high pressures equal to several GPa can
provide a rather high density close to 100% in the
processed disk type nanostructured samples. For
fabrication of such samples via severe torsion strain-
ing consolidation not only conventional powders but
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also powders subjected to ball milling can be used.
The HPT consolidation of nanostructured Ni powder
prepared by ball milling [47] can be given as an ex-
ample. The conducted investigations showed that
the density of the fabricated powders is close to
95% of the theoretical density of the bulk coarse-
grained Ni. TEM examinations showed the absence
of porosity. The mean grain size is very small, it is
equal to 17 nm, and, consequently, a large volume
fraction of grain boundaries is present. Since grain
boundaries have a reduced atomic density the au-
thors assume that the given samples demonstrate
a decrease in the theoretical density in the materi-
als with a very small grain size and strong distor-
tions of a crystal lattice. It is also very interesting
that a value of microhardness of the Ni samples
fabricated by HPT consolidation is about 8.6 GPa.
The given value is the highest value of microhardness
mentioned in literature for the nanocrystalline Ni.

Speaking about HPT processing we can note
that only recently detailed investigations have been
conducted to evaluate the parameters influencing
HPT (e.g., applied pressure, total strain, tempera-
ture). In earlier reports, it was found for several met-
als and alloys that a pressure of ~5 GPa and more
than five rotations of the sample in torsion were gen-
erally sufficient to produce a reasonably homoge-
neous microstructure with a mean grain size close
to ~100 nm throughout the sample [49-52]. Below
new results [51] on the microhardness and micro-
structural evolution during HPT in samples of pure
nickel are discussed in details.
Microstructure Evolution in Nickel during High-
pressure Torsion. High purity nickel (99.99%) was
selected as the material for investigation. This section
reports the results obtained on Ni samples subjected
to annealing prior to high-pressure torsion, where all
samples were annealed for 6 hours at 700 °C to give
an initial grain size of ~100 µm and a microhardness
of ~1.4 GPa. During the early stages of this study it
was found that the final microstructure produced by
HPT is independent of the initial grain size within
the range of ~1 – 100 µm. Electro-discharged
samples in disk shape, with diameters of ~10 mm
and thickness of ~0.3 mm, were subjected to HPT
straining under different applied pressures and with
different numbers of whole revolutions at room tem-
perature. Fig. 2.1b schematically depicts the HPT
method. A disk is placed between anvils and then
compressed and deformed under an applied pres-
sure (P) of several GPa at room temperature. The
lower holder rotates and surface friction forces de-
form the disk by shear so that deformation proceeds
under a quasihydrostatic pressure. Further details

of HPT processing are given elsewhere [10, 40]. To
evaluate the influence of the applied pressure,
samples were produced with 5 whole turns at sepa-
rate pressures of 1, 3, 6 and 9 GPa. The influence
of the accumulated strain was evaluated by using a
pressure of 6 GPa and totals of ½, 1, 3, 5 and 7
turns. Precise microhardness measurements were
taken on both sides of the samples along two per-
pendicular diameters and with incremental steps of
~1.25 mm between each measurement. At every
point, the average microhardness was determined
from four separate measurements. The total num-
ber of measurements was not less one hundred for
each sample. For the samples deformed at pres-
sures of 1 and 6 GPa, foils were prepared from both
the centers and the perimeters of the disks for ex-
amination by TEM.
Experimental results. The processing of nickel by
HPT leads to an increase in the microhardness, Hv,
due to significant microstructural refinement that is
strongly influenced by the processing parameters.
Fig. 2.6 shows (a) the influence of the applied pres-
sure on the microhardness profile across the disk
and (b) the average values of Hv measured in the
central region and close to the edge. In Fig. 2.6a,
these microhardness values are higher than for the
unprocessed nickel (~1.4 GPa) but at the lower
applied pressure of 1 GPa there is a non-uniform
distribution of microhardness across the sample di-
ameter with significantly lower values in the center.
An increase of pressure to 9 GPa leads to an in-
crease in the values of Hv, especially in the center
of the disk. Thus, there is an increased uniformity
in Hv across the disk with increasing applied pres-
sure such that the variation in Hv is not more than
~7% for the sample subjected to a pressure of 9
GPa. Figure 2.6b reveals the dependence on ap-
plied pressure of the average microhardness taken
from the center and edge of the disks, with the
microhardness at the edge appearing to exhibit a
plateau. By contrast, the central region has a
relatively low level of microhardness up to a pres-
sure of 6 GPa but thereafter the microhardness in-
creases and is close to the value measured at the
edge. The apparent slight decrease in Hv for ap-
plied pressures from 1 to 3 GPa is within experi-
mental error and is probably not significant. A TEM
examination was performed for two different applied
pressures of 1 and 6 GPa and with foils cut from the
center and the edge of the samples. Figures 2.7a
and b show two bright field images of the micro-
structures at the center and edge regions of the
sample after HPT at 1 GPa: the corresponding se-
lected area electron diffraction (SAED) patterns are
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shown as inserts. It can be seen that the micro-
structures have important differences. Microstruc-
tural refinement is higher near the edge of the disk
and the mean grain size in this region was measured
as ~0.17 µm. The SAED pattern in Fig. 2.7 b con-
tains many spots situated around circles indicating
the presence of boundaries having high
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misorientation angles. By contrast, the SAED pat-
tern in the center of the disk in Fig. 2.7 a consists
of separate spots showing the presence of low angle
subboundaries.  The measured average size of the
subgrains in Fig. 2.7 a is almost two times larger
than the grain size in Fig. 2.7 b. In both cases, the
azimuthal spreading of spots in the SAED patterns
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indicates the presence of high internal stresses. The
situation was different for the sample subjected to
HPT at 6 GPa, as shown at the edge of the sample
in Fig. 2.7 c. The microstructures for this condition
were reasonably similar at both the center and the
edge, and the SAED patterns consisted of rings
with many diffracted beams so that there were many
small grains with multiple orientations within the
selected fields of view. The average grain size was
measured as ~ 0.17 µm for both areas. Detailed high-
resolution electron microscopy (HREM) and TEM
were reported recently for this condition [53] and it
was shown that the grain boundaries in HPT-pro-
cessed Ni generally have high misorientation angles
and they exhibit zigzag configurations and irregular
facets and steps that are indicative of high-energy
non-equilibrium structures. Figure 2.8 shows the
influence of the number of rotations on Hv in samples
processed at an applied pressure of 6 GPa. As in
the profile shown in Fig. 2.8 a, there is a difference
in the microhardness values measured at the cen-
ter and the edge of the disk. However, this differ-
ence becomes relatively less after larger numbers
of turns because of the overall increase in the
microhardness level. An increase in the number of
rotations leads to an increase in Hv at both the cen-
ter and the edge of the sample, as shown in Fig.
2.8 b.

It is known for torsion deformation that the shear
strain, γ, at a radius R is given by
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where N is the number of turns and L is the thick-
ness of the sample. According to this relationship,
the true logarithmic strain is larger than 6 for five
rotations of a sample having a thickness of 0.3 mm
and at the radius of 5 mm. Such very large cold
deformation produces a very significant refinement
of the microstructure and the formation of an array
of ultra-fine grains leading to increased
microhardness [40]. At the same time, it follows
from Eqn. (2.2) that significant grain refinement can-
not occur in the center of the samples because the
straining is then very much reduced. In practice,
however, this is true only for small numbers of turns
and relatively low applied pressures and the present
experiments demonstrate that an increase in the
straining leads to an increase in the homogeneity
of the microstructure (Fig. 2.8). It is concluded that
samples processed with more than ~5 turns are
capable of producing reasonably homogeneous
ultrafine-grained microstructures. This must be as-
sociated with the accumulation of dislocations within
the disks but the mechanism of microstructural
homogeneity requires further investigation.

An additional important processing parameter is
the applied pressure. The role of pressure is not
apparent from Eqn. (2.2) but the experimental re-
sults show that higher pressures facilitate the for-
mation of ultrafine-grained microstructures. A simi-
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lar conclusion was reached recently from HPT stud-
ies of iron [20] and titanium [22]. It is well known
that the applied pressure can reduce the rate of dif-
fusion and consequently delay the recovery kinet-
ics [54] and this may explain the smaller grain sizes
generally achieved by HPT at higher pressures.

3. THERMAL STABILITY AND
MICROSTRUCTURE EVOLUTION
IN SPD MATERIALS DURING
ANNEALING

Any successful utilization of nanostructured mate-
rials will depend upon the subsequent thermal sta-
bility of the ultrafine-grained structures and in prac-
tice the microstructures produced by severe plastic
deformation are in a metastable condition so that
relaxation may occur at significantly lower tempera-
tures than in coarse-grained materials. It’s known
that the onset of grain growth begins in
nanostructured materials at relatively low tempera-
ture (0.4 T

M
). An investigation of low thermo-

stability’s origin is very important for understanding
processes occurring in NS materials during
annealing. The microstructure evolution and grain
growth were a main object in recent publications
[49,55-63]. TEM investigations and x-ray analysis
were carried out in pure metals: nickel [51,58,61],
copper [49,50,62], cobalt [61], iron [55] where the
temperatures of grain growth onset have been iden-
tified and intensive relaxation processes have been
noticed. However, the characteristics of grain growth
have many particularities and need to be studied
more extensively.

There are earlier reports of microstructural evo-
lution and thermostability in copper [49,50] and nickel
[51] processed by HPT but there are no detailed
studies for materials processed using ECAP. This
method is especially attractive because it has the
potential of producing relatively large billets that may
have use in industrial applications. This part of review
presents recent findings [64] of the changes in
microhardness and microstructure occurring in pure
nickel during annealing after processing by ECAP.

Experimental Material and Procedure. Cylindri-
cal billets, with diameters of 16 mm and lengths of
130 mm, were machined from high purity (99.99%)
nickel. The initial grain size was ~30 µm. The billets
were subjected to ECA pressing at room tempera-
ture using the equipment shown schematically in
Fig. 3.1. All samples were pressed repetitively
through a total of 8 passes under an imposed pres-
sure of 800 MPa. Each sample was reversed from
end to end and rotated by 90° about the longitudinal

axis between each pass. The total logarithmic strain
accumulated in the samples was approximately
e = 8. Further details on processing by ECAP are
given elsewhere [28,30,40]. For annealing and
microhardness testing, small disks were electro-
discharged from the central part of the as-pressed
cylinders. The annealing treatment was conducted
in air for 3.6 ks at temperatures from 373 to 773K
and also at 523K for periods of 3.6, 21.6 and 43.2
ks. After annealing, the surfaces of all samples were
ground to remove any oxide film and they were then
mechanically and electrochemically polished for
microhardness testing. The microhardness, H

v
, was

measured using a Vickers diamond pyramidal in-
denter under a load of 100 g. Samples were exam-
ined by transmission electron microscopy (TEM)
using a JEM–100B electron microscope. For the
samples annealed at the highest temperatures of
573 – 773K, the microstructures were examined
using both TEM and optical microscopy.

Experimental Results and Discussion. After pro-
cessing by ECAP, the microhardness of Ni was
measured as H

v
 = 2.6 GPa and the mean grain size

was ~0.35 µm. By comparison, the initial
microhardness of an unpressed sample annealed
for 3600 s at 773K was Hv0

≈ 1.0 GPa. Samples were
annealed for 3600 seconds at different temperatures
and the measured values of the microhardness and
the mean grain size, d, are summarised in Table
3.1: grain sizes were measured by TEM up to an-
nealing temperatures of 523K and by optical mi-
croscopy at the higher temperatures. For conve-
nience, the experimental data are plotted in Fig.
3.1. The microhardness tests reveal a slight de-
crease in H

v
 for annealing temperatures up to 473K,
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a sharp drop at temperatures from 473K to 573K
and then a slow decrease to a value of ~1.0 GPa
appropriate to the well-annealed condition.

All annealed samples were examined by TEM
to evaluate the microstructural characteristics. Typi-

Table 3.1. Microhardness and mean grain size as a function of annealing temperature.

Temperature, K 293 373 473 523 573 673 773
Microhardness, GPa 2.6 2.4 2.3 2.0 1.4 1.1 1.0
Mean grain size, µm 0.35 0.40 0.45 0.80 4.5 6.0 53

dc

e f
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cal microstructures are shown in Fig. 3.2 correspon-
ding to (a) the as-pressed condition without subse-
quent annealing and after annealing for 3600 sec-
onds at temperatures of (b) 373, (c) 473, (d) 523,
(e) 573 and (f) 673K, respectively. In Fig. 3.2(a), the

a b
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as-pressed microstructure is typical of pure metals
after severe plastic deformation: there is an array of
essentially equiaxed grains, the boundaries have
irregular configurations and the azimuthal spread-
ing of the spots in the selected area electron dif-
fraction pattern suggests the presence of high in-
ternal stresses. Annealing at temperatures of 373
and 473K has a minor effect on the grain size but
there is noticeable grain growth at the relatively low
temperature of 573K in Fig. 3.2 e corresponding to
~ 0.33T

M
, where T

M
 is the absolute melting tem-

perature of the material. There is also evidence at
this temperature for some twining in the grain interi-
ors. At the higher annealing temperature of 673K in
Fig. 3.2 f, there are few intragranular dislocations,
the boundaries have equilibrium configurations and
the microstructure is typical of well-annealed coarse-
grained materials.

Typical grain size distributions are shown in Fig.
3.3 for the samples annealed at the three highest
temperatures. It is apparent that the grain size dis-
tributions in Figs. 3.3 a and b are close to log-nor-
mal corresponding to normal grain growth but the
grain size distribution in Fig. 3.3 (c) is bimodal with
a small secondary peak appearing at large grain
sizes of ~130–140 µm. This suggests the onset of
abnormal grain growth at 773K. Fig. 3.1 demon-
strates that the grain growth kinetics and the
microhardness measurements are consistent: there
is a gradual increase in the grain size in the tem-
perature range of 373–473K and a sharp increase
in d, by a factor of 10 times, from ~ 0.45 µm at
473K to ~ 4.5 µm at 573K. Fig. 3.3 shows the influ-
ence of the annealing time on microhardness and
grain growth kinetics at a temperature of 523K. The
time dependence of the microhardness and the
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mean grain size therefore demonstrate similar
behaviour. It is well established that grain growth
kinetics can be described by the relationship [65]:

d d kt n2

0

2− = , (3.1)

where d
0
 is the initial grain size, k is a constant

depending on the driving force for grain growth and
the mobility of the grain boundaries and n is a
constant typically lying in the range from 0.5 to 1.

Grain growth kinetics with n = 1 correspond to
the parabolic law and normal grain growth. By fit-
ting the experimental points to Eq. (3.1) by means
of a least squares method, the value of the constant
k was determined as 0.6165 µm2.h-1 or 170 nm2.s-1.
The solid line in Fig. 3.4 is plotted using Eq. (3.1)
with n = 1 for the parabolic law. Assuming parabolic
kinetics are fulfilled for all annealing temperatures,
it is possible to calculate the activation energy, Q,
and the pre-exponential factor, k

0
, for the grain growth

process using the expression k = k
0 
exp(-Q/RT),

where Q is the activation energy for grain growth, R
is the gas constant and T is the absolute tempera-
ture. From a best fit to the experimental data, it
was found that k

0  
= 3.9.10-6 m2.s-1 and Q = 103 kJ.

mol-1. This value for Q is very close to the values of
the activation energies reported for grain boundary
diffusion in nickel (115 kJ.mol-1 [66], 131 kJ.mol-1

[67] and 108.8 kJ.mol-1 [68]). In addition, the value
of the kinetic constant may be evaluated directly by
making use of the relationship [65]:

k
D

kT
b

0 2

04
= ⋅

γ

δ

δΩ
, (3.2)

where γ is the grain boundary surface energy (~ 0.7
J·m-2), Ω is the atomic volume (1.1.10-29.m3), δ is
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the grain boundary width (~0.7.10-9 m), δ·D
0b

 is the
pre-exponential factor for grain boundary diffusion
multiplied by the grain boundary width (~3.5.10-15

m3·s-1), k is Boltzmann’s constant and T is the ab-
solute temperature. Taking a value of T = 500K, it
follows from Eq. (3.2) that the value calculated for
k

0
 is given by (k

0
)

cal 
≈ 4.6.10-5 m2.s-1. This value is

consistent with the experimental value to within
approximately one order of magnitude, thereby
confirming the validity of the present approach.

Thus, the calculation demonstrates that grain
growth kinetics in ultrafine-grained nickel processed
by ECAP is controlled by grain boundary diffusion
and possibly by other short-circuit diffusion paths
that may exist in nanostructured materials. This
result is consistent also with the recent conclusion
that grain boundary diffusion dominates grain growth
in nanostructured nickel prepared by electrodepo-
sition [66]. This investigation shows that the
relaxation processes in ultrafine-grained nickel, pro-
cessed by equal channel angular pressing, undergo
3 distinct stages. The first stage corresponds to
the temperature range of 373-473K and represents
a relaxation of the internal stresses arising from the
ECAP process. The second stage takes place within
the temperature range of 473-573K where there is a
sharp drop in the microhardness and an abrupt in-
crease in the grain size due probably to subgrain
coalescence and dislocation annihilation. The third
stage relates to normal grain growth at tempera-
tures above ~573K (~0.33T

M
) where the rate-con-

trolling process is grain boundary diffusion. This lat-
ter temperature is relatively low for normal grain
growth but it is consistent with the decrease in ther-
mal stability observed in ultrafine-grained metals

processed by severe plastic deformation. The re-
sults demonstrate a good correlation between the
microhardness measurements and microstructural
observations following ECAP and annealing.

4. GRAIN BOUNDARY DIFFUSION IN
NANOSTRUCTURED MATERIALS

4.1. The characteristics of copper
grain boundary diffusion in
nanocrystalline and
nanostructured materials

Diffusion in nanocrystalline materials is very impor-
tant for their properties. Therefore, it is studied very
actively [69-78]. The keen interest in this theme is
stipulated, among other reasons by the fact that
diffusion exerts primary control over the kinetics of
recovery and recrystallization processes occurring
in nanocrystalline materials at significantly lower
temperatures relative to the coarse-grained materi-
als. It has also been proven experimentally that
nanocrys-talline systems have “anomalously” high
diffusivity, which is an additional reason for this high
interest [69,70,73]. It has been found that the high
diffusivity results not only from the high volume frac-
tion of the “GB phase” in such materials but also
mostly from residual porosity, impurity segregation
and other factors related to a processing routine of
nanocrystalline materials [76-78].

In particular, porous nanocrystalline metals pro-
duced by the methods of gas condensation and elec-
trolytic deposition are found to reveal low-tempera-
ture anomalies of GB diffusion. Their diffusivities are
several orders of magnitude higher and the activa-
tion energies of self-diffusion and of substitution
impurity diffusion are about two orders lower in
comparison to the coarse-grained materials
[69,72,73]. In case of interstitial impurities, the dif-
fusion processes depend essentially on the kind of
impurity [74,78]. The “anomalies” of GB diffusion
are not observed in materials after recovery and
recrystallization [75].

Non-porous nanocrystalline materials (in particu-
lar those obtained by explosive pressing) are found
to reveal no “anomalous” diffusion behavior [75-78],
which suggests that intrinsic free surfaces play a
significant role in the evolution of diffusion processes
in nanocrystalline materials [72].

The existing physical models take into account
the peculiar properties of GBs in nanocrystalline
materials. Thus the model of glue-like grain bound-
ary state, which was developed on the base of
computer simulation results, takes into account the
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correlation effects, which are exhibited by ultrafine-
grained materials and which are associated, in par-
ticular, with the absence of relaxation effects due to
the generation of dislocations induced in such ma-
terials [79]. One of the basic assumptions of the
cluster model based on HREM examination
consists of the important role played by the bound-
aries of ensembles of adjacent grains – “clusters”,
on which grain-boundary pores occur and the main
portion of excess (free) volume of nanocrystals is
concentrated [73].

Investigators to date focus their attention on the
role of triple junctions. The density of these linear
defects in nanocrystalline materials is considerably
higher relative to their coarse-grained counterparts.
The occurrence in the bulk of a continuous network
of triple junctions and concentration of most pore
volume in the latter assists a creation of short diffu-
sion paths in nanocrystalline materials [74].

The available data on diffusion in nanocrystalline
materials and the results of other physical
investigations of these materials are summarized
in [69,72,75,78].

R. Würschum, H.-E. Schaefer and others
[69,72,75,78-81] were the first to investigate diffu-
sion in nanostructured materials produced by se-
vere plastic deformation, in particular 59Fe diffusion
in Pd. While the authors of the given work performed
diffusion experiments at the temperature above
410K they failed to reveal any significant increase
in the grain boundary diffusivities of the investigated
materials. However, the experimentally measured
diffusivities observed for nanostructured materials
at lower temperatures (371K and 471K) were by
about two orders of magnitude higher relative to the
respective coarse-grain samples [75]. As in the case
of nanocrystalline metals, the activation energy of
grain-boundary diffusion in nano-Pd turned out to
be significantly lower (by 1.5 times) as compared
to coarse-grained Pd. It should be noted that in the
experimental conditions of diffusion annealing [75]
GB migration was found to occur, which has to be
taken into account in choosing a particular model
for evaluating materials diffusivity. Moreover, during
grain boundary migration a change in the grain
boundary state may occur and it can influence the
diffusivity value. Thus it appears that material’s dif-
fusion parameters may be significantly affected by
the recovery of the grain boundary structure in
nanostructured-Pd that occurs during diffusion an-
nealing at elevated temperatures [75]. Recently the
investigation of self-diffusion in nanostructured-Fe
was performed; the results obtained indicate that
no “anomalous” increase in the grain boundary

diffusivity takes place in the material investigated
[76,77].

A comparative study of the diffusion parameters
of nanostructured and coarse-grain metals was
conducted for copper diffusion in nickel [82-84]. The
concentration of Cu in Ni was measured at various
depths by the method of secondary ion-mass spec-
troscopy using the technique described elsewhere
[83]. The activation energy of the grain boundary
diffusion of Cu in coarse-grained Ni, Q

b
, was deter-

mined in the temperature interval of 773 to 873K;
the value obtained was 124.7 kJ/mol (Fig. 4.1). As-
suming that in the entire temperature interval
considered, the Arrhenius dependence parameters
for the coefficients of grain boundary diffusion are
constant, the respective values were calculated for
coarse-grained Ni at lower temperature [84].

According to TEM data reported in [83], no GB
migration in nanostructured Ni is likely to occur in
the temperature interval of 392–448K and the vol-
ume diffusion may be virtually suspended. There-
fore, the values of the GB diffusivity were calculated
basing on the assumption that the experimental
conditions of diffusion annealing are close to regime
C. In the C regime the pure GB grain boundary diffu-
sion proper takes place without leakage of the
diffusant into the bulk [85]. It has been found that
the GB diffusion coefficients, Dn, obtained for Cu
diffusion in nanostructured Ni are by 4 to 5 orders of
magnitude higher relative to coarse-grain Ni (Fig.
4.1) [84].

From the temperature dependence of D
n
 of Cu in

nanostructured Ni we obtained the activation energy
of grain boundary diffusion Qb

n = 43.5 kJ/mol [84].
The latter value is by a factor of two lower than the
respective value for coarse-grained nickel samples
(Fig. 4.1). Unlike the diffusion in nanocrystalline
metals containing pores at GBs [69-78], the activa-
tion energy of grain boundary diffusion in
nanostructured pore-free nickel is close to that of
surface diffusion [84]. Moreover, the activation energy
value of the grain boundary diffusion of Cu in
nanostructured Ni is close to the activation energy
of the GB self-diffusion(46 kJ/mol, Fig. 4.1) [73].

As noted above, the GBs in nanostructured
metals are characterized by a highly nonequilibrium
(high-energy) state, while the GB state in
nanocrystalline and coarse-grain metals is close to
an equilibrium one. Therefore, the values Dn obtained
for nanostructured nickel are significantly higher
comparing to nanocrystalline Ni [73,84] and coarse-
grain counterparts. It suggests that the GB diffu-
sion of impurity atoms in the investigated materials
is mainly determined by GB state and less by other
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parameters like mean grain size [84]. If the GBs in
nanostructured Ni recover into an equilibrium state,
D

n
 is expected to decrease. Indeed, the maximum

value of Dn obtained for nanostructured nickel sub-
jected to preliminary annealing for 1 h at 523K fol-
lowed by diffusion annealing for 50 h at 428K was
by four orders of magnitude lower relative to the
same material in as-received state (Fig. 4.1). Thus
an increase in the grain diffusion in nickel samples
investigated is mainly associated with the
nonequilibrium state of the material. This is demon-
strated by one order of magnitude reduction in D

n

observed in nickel samples kept at 423K for three
years [84].

Thus, the GB diffusivities are found to increase
in both nanostructured metals produced by severe
plastic deformation and porous nanocrystalline
metals. Direct diffusion experiments have shown
that higher rates of mass transfer in the above met-
als are related to a nonequilibrium high-energy state
of the materials’ interfaces rather than with their grain
size. The above anomalies and the predominant role
of GB state are also observed for the same class of
materials having no GB porosity and with grain size

in the range of 0.3–0.5 mm (the existence of signifi-
cant correlation effects being highly unlikely). There-
fore, the currently known models of diffusion mecha-
nisms along grain boundaries do not apply when
the above peculiarities of diffusion have to be ac-
counted for, especially in the case of nanostructured
materials produced by severe plastic deformation.

It is an established fact that metals and alloys
subjected to preliminary deformation have somewhat
higher diffusivities along GBs (generally by an order
of magnitude) relative to their counterparts subjected
to recrystallization [86]. The method of severe plas-
tic deformation allows one to attain high levels of
deformation and high density of defects in both grain
volume and on the grain boundaries. At the same
time, the observed increase in grain boundary
diffusivity by at least four orders of magnitude [84]
has to be verified experimentally with the aid of vari-
ous techniques.
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4.2. Grain boundary diffusion – order-
ing coupling in nanocrystalline
materials

The transport of atoms by diffusion determines, e.g.,
the thermal stability, sintering properties, creep or
ion conductivity in oxides. The high number of inter-
faces in nanocrystalline materials can change the
macroscopic diffusion behavior considerably with
respect to coarse grained materials. For example,
the self-diffusivity in grain boundaries of metals is
normally strongly enhanced due to the relative loose
packing of atoms in these interfaces. Therefore, the
activation enthalphy for jumps of atoms is lower than
in the perfectly ordered crystal and vacancies like
voids, which act as diffusion vehicles, can be formed
easily.

However, for a full understanding of the diffusional
properties, one has to take into account not only
the diffusion in the interfaces, but also in the
crystallites. The volume diffusion into the crystallites
becomes more pronounced at longer diffusion times
or higher temperatures, which are often application
relevant. E.g., the oxygen diffusion in nanocrystalline
ZrO

2
 [78, 87], which could be used as a solid state

electrolyte for fuel cells, is determined by both diffu-
sion processes.

Fig. 4.2 gives an overview on the experimental
work done or in progress to obtain an atomistic un-
derstanding of the diffusion processes in nano-
crystalline materials. Structural studies (X-ray dif-

diffusion in nanocrystalline materials

diffusion in interfaces
(grain boundaries)

• local atomic structure
(wetting, free volumes, ...)

• orientation of crystallites
(grain boundary
character)

• chemical composition
(segregation)

diffusion in crystallites

• athermal vacancy
content

• state of order

TEM

X-ray

common mechanism: jumps of atoms by
vacancy formation and migration

e+

separation by analysis of tracer diffusion profiles

fraction and transmission electron microscopy
(TEM)) provide the necessary input for conclusions
on the correlation between diffusion and structure.
Positron annihilation spectroscopy is a technique
specific and sensitive on vacancies or vacancy
clusters and was successfully employed to
investigate voids at grain boundaries [88]. Further
insight comes from theoretical studies to model
equilibrium (see, for example, Chapter 6) and non-
equilibrium (Chapter 5) grain boundaries.

High-resolution TEM studies on nanocrystalline
materials prepared by cluster condensation and
compaction concur with a randomly distributed
crystallite orientations and mostly high-angle grain
boundaries (see Fig. 4.3 [78]). In many nano-
crystalline pure face-centered cubic (fcc) metals
these boundaries exhibit diffusivities similar to high-
angle grain boundaries in coarse grained materials
[89]. In nanocrystalline Fe [76] and Ni (Chapter 4.1)
diffusivities were found which are higher than for high-
angle grain boundaries in the corresponding coarse
grained materials. The structure of the grain bound-
aries of these nanocrystalline materials relax with
time towards the equilibrium state of coarse grained
materials as indicated by the decreasing diffusivities.

Diffusion studies on composite materials or al-
loys become more and more important because of
a more pronounced stability against grain growth.
Nevertheless, studies on pure systems remain
important as reference for the diffusion in composite
materials or alloys. Fig. 4.4 shows as an example
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the diffusion profiles of pure, unstabilized
nanocrystalline ZrO2 [87]. A profile can be sepa-
rated between volume diffusion (diffusion in the
crystallites) and grain boundary diffusion. Since ZrO

2

is used as an ion conductor of oxygen, it is of
importance that oxygen diffuses much faster in the

grain boundaries than in the crystallites. An inter-
esting experiment, which could be used to answer
the question whether the fast diffusion is due to
structural or thermal vacancy-like defects in the grain
boundary, would be to measure the oxygen diffu-
sion in nanocrystalline Y-stabilized ZrO

2
. Y causes

the formation of structural oxygen-vacancies in the
crystallites of coarse grained ZrO

2
.

Now, we report on the migration of atoms within
the nanocrystallites in dependence on the state of
order. This is also important for the material trans-
port within the grain boundaries, because ordering
could substantially change the volume diffusion
constant and thereby the type of grain-boundary
diffusion kinetics from type B to C. The preparation
techniques for nanocrystalline materials, especially
strong plastic deformations, offer the unique possi-
bility to disorder bulk intermetallic alloys like FeAl
which hardly can be disordered as coarse grained
materials. Additionally, metastable, one-phase
compositions, e.g. Al-rich FeAl, can be prepared.

Diffusion and ordering are closely correlated to
each other. Both are goverened by the migration of
vacancies. The only difference is the distance over
which the atoms migrate. For ordering a few jumps
per atom should be enough to arrive at the correct
lattice site so that the diffusion length after the ordering
is about one lattice parameter (roughly 1 nm).

The ordering due to annealing of nanocrystalline,
disordered FeAl, NiAl and Fe

3
Si were measured by

x-ray diffraction [90-93]. The mean temperature of
ordering is ascribed to the temperature of 50%
ordering. Fig. 4.5 shows the diffusion lengths for
diffusion by thermal vacancies. It is evident that ther-
mal vacancies account for the ordering in Fe

3
Si   [94],
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but the thermal vacancy concentration at the order-
ing temperature is much to small for ordering of FeAl
and NiAl. Therefore we conclude that the ordering
in FeAl and NiAl occurs by vacancies which were
introduced during the preparation of the
nanocrystalline alloys. Furthermore, these vacan-
cies migrate faster in the disordered than in the
ordered state [90], and they anneal out only after the
ordering is complete. The reason for the annealing of
vacancies in Fe

3
Si before the ordering is complete

originated from the low vacancy migration enthalphy
on the Fe-sublattice [95].

In summary, we arrived at a consistent model of
ordering and diffusion by means of vacancy migra-
tion for nanocrystalline [94,96] and coarse grained
materials. This is a well defined starting point to sepa-
rate the atomic migration in the crystallites and in
the grain boundaries of nanocrystalline materials.

5. THEORETICAL MODELING OF
GRAIN BOUNDARY DIFFUSION IN
BULK NANOSTRUCTURED
MATERIALS

5.1. Introduction

Nanostructured materials have become increasingly
important both in fundamental and applied research
because of their outstanding functional and struc-
tural properties; see, e.g. [97-106]. Of special inter-
est, from both fundamental and application view-
points, is the diffusion behavior of bulk
nanocrystalline materials which, in general, is dif-
ferent from that of conventional coarse-grained poly-
crystals. Thus, following [1,81,98, 107-109], bulk
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nanocrystalline materials exhibit the anomalously
enhanced diffusional properties. For instance, the
boundary diffusion coefficients in bulk nanocrystalline
materials fabricated by high-pressure compaction
and severe plastic deformation methods are several
orders of magnitude larger than those in conventional
polycrystalline materials with the same chemical
composition [1, 81, 97,107-109]. With these experi-
mental data, the anomalously fast diffusion is treated
as the phenomenon inherent to only nanocrystalline
materials and is attributed to their specific struc-
tural and behavioral peculiarities [1, 97]. At the same
time, however, there are experimental data indicat-
ing that the boundary diffusion coefficients in dense
bulk nanocrystalline materials are lower than those
measured in [107, 81,108,109] and similar to the
boundary diffusion coefficients in conventional
coarse-grained polycrystals or a little higher [75-
78,80]. These data form a basis for the viewpoint
that the atomic diffusion in nanocrystalline materi-
als is similar to that in conventional coarse-grained
polycrystals. In doing so, the difference in the
diffusivities between nanocrystalline and coarse-
grained materials is treated to be related to only the
difference in the volume fraction of the grain bound-
ary phase. Thus, in general, there are controversial
experimental data and theoretical representations
on diffusion processes in nanocrystalline materials.
Nevertheless, mechanically synthesized nanocrys-
talline bulk materials are definitely recognized to
exhibit the enhanced diffusion properties compared
to those of nanocrystalline materials fabricated by
non-mechanical (more equilibrium than mechanical)
methods and those of coarse-grained polycrystals;
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see [81,108,109] and experimental results reported
in this review. The experimentally documented phe-
nomenon in question can be naturally explained as
that occurring due to the deformation-induced non-
equilibrium state of grain boundaries, in which case
the grain boundary diffusivity highly increases. In
this part of review we will consider theoretical mod-
els of diffusion processes in nanocrystalline materi-
als with the special attention being paid to the role
of non-equilibrium grain boundaries in the diffusion
enhancement occurring in mechanically synthe-
sized bulk nanocrystalline materials.

5.2. Theoretical models of diffusion in
nanocrystalline materials. General
aspects

Theoretical models of diffusion in nanocrystalline
materials can be divided into the three following basic
categories: (1) Models that describe grain bound-
ary diffusion in conventional coarse-grained polycrys-
tals and are directly extended to the situation with
nanocrystalline materials, with nano-scale effects
neglected. (2) Models focusing on the specific fea-
tures of diffusion in nanocrystalline materials in the
general situation, taking into account the nano-scale
effects and neglecting the influence of preparation
technologies on the structure and the diffusion prop-
erties of nanocrystalline materials. In short, such
models deal with the “nanostructure-diffusion”
relationship. (3) Models focusing on the structural
and behavioral peculiarities of grain boundaries in
nanocrystalline materials, taking into account the
peculiarities of their fabrication. In short, such mod-
els are concerned with the “preparation-
nanostructure-diffusion” relationship. Theoretical
models of the first type and their application to a
description of diffusion in nanocrystalline materials
have been reviewed in detail by Larikov [72]. Such
models are, in particular, those [110-114] describ-
ing spatial distributions of diffusing species within
and near grain boundaries in polycrystals, models
[115-123] focusing on microscopic mechanisms of
grain boundary diffusion and models [123-131] deal-
ing with diffusion-assisted processes (diffusional
creep, diffusion-induced grain boundary migration,
transformations of grain boundary dislocations and
disclinations, etc.) in polycrystals.  Now let us turn
to a brief discussion of models describing the
enhanced diffusion in nanocrystalline materials in
the general situation, with the specific features of
their preparation being neglected. In papers
[132,133] it has been demonstrated that nano-

crystalline materials exhibit much larger variety of
possible kinetic diffusion regimes compared to
coarse-grained polycrystals. In particular, together
with conventional A-, B- and C-regimes occurring in
polycrystals [114], the additional diffusion kinetic
regimes have been distinguished, depending on the
grain size, diffusion temperature and time, the grain
boundary segregation level in the case of impurity
diffusion, and other parameters [133]. Also, as noted
by Gleiter [1], the anomalously fast diffusion in
nanocrystalline materials is related to the three fol-
lowing factors: (i) The diffusion in nanocrystalline
materials is essentially enhanced due to the exist-
ence of high-density network of grain boundary junc-
tion tubes which commonly are characterized by
more increased diffusion rate than grain boundaries
themselves. (The highly enhanced diffusivity of triple
junctions of grain boundaries is experimentally iden-
tified in polycrystals; see [134-138] and discussion
in review article [139] concerning grain boundary
junctions.) (ii) Rigid body relaxation of grain bound-
aries that occurs via relative translational displace-
ments of their adjacent crystallites and reduces the
boundary free volume is hampered in nanocrystalline
materials. This is related to the fact that rigid body
relaxation of the various boundaries surrounding
every nanocrystallite require its different displace-
ments due to their different atomic structure. (iii) In
grain boundaries of nanocrystalline materials the
concentration of impurities that often reduce bound-
ary diffusivity is lower than that in grain boundaries
in conventional polycrystals.  Let us discuss fac-
tors (i)-(iii) in terms of Arrhenius formula for diffusivity
in solids. The coefficient D of self diffusion occur-
ring via transfer of vacancies1  is given by the follow-
ing Arrhenius relationship (e.g., [122,140]):

D D
kT

f m= −
+�

�
�
��0 exp ,

ε ε
 (5.1)

where D
0
 denotes the constant dependent on pa-

rameters of the ideal crystalline lattice, k is the
Boltzmann’s constant, T is the absolute tempera-
ture, ε

f
 and ε

m
 the energies of formation and migra-

tion of vacancies, respectively. In nanocrystalline
materials (characterized by extremely high volume
fraction of the grain boundary phase) self diffusion
processes occur mostly via transfer of grain bound-

1 In general, diffusion processes in crystals occur via
transfer of point defects of different types. However,

self diffusion occurring via transfer of vacancies is most
effective; it is characterized by the largest coefficient of
diffusion, e.g.[122,140].
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ary vacancies. In these circumstances, all the fac-
tors (i)-(iii) discussed by Gleiter induce the charac-
teristic boundary free volume to be increased and,
as a corollary, both formation and migration of bound-
ary vacancies to be facilitated in nanocrystalline
materials as compared to those in conventional poly-
crystals. In terms of Arrhenius formula (5.1), the dif-
fusion coefficient D is increased in nanocrystalline
materials, because their characteristic energies, ε

f

and ε
m
, are decreased due to factors (i)-(iii) dis-

cussed in paper [1].
Now let us discuss theoretical models describ-

ing the enhanced diffusion in nanocrystalline mate-
rials fabricated at highly non-equilibrium conditions
(say, by severe plastic deformation methods). Fol-
lowing [141-144], together with factors (i)-(iii) dis-
cussed by Gleiter [1], the existence and transfor-
mations of ensembles of grain boundary disloca-
tions and disclinations strongly enhance diffusion
processes in nanocrystalline materials fabricated at
highly non-equilibrium conditions. The effects of such
defects on diffusion are briefly as follows [143,144]:
(a) Disorderedly distributed grain boundary disloca-

tions and disclinations are formed in nano-
crystalline materials fabricated at highly non-
equilibrium conditions. Such dislocations and
disclinations re-arrange to annihilate or to form
more ordered, low-energy configurations, in which
case they move to new positions. Climb of (grain
boundary) dislocations is accompanied by gen-
eration of new point defects [140,145] – vacan-
cies and interstitial atoms – serving as new
carriers of diffusion. In this situation, generation
of new vacancies occurs under the action of the
driving force related to a release of the elastic
energy of “non-equilibrium” grain boundary dislo-
cations during their transformations. The action
of the driving force in question facilitates diffu-
sion processes in nanocrystalline materials. The
effect discussed is quantitatively described by
formula (5.1) with the sum ε

f
+ε

m
 being replaced

by ε
f 
-W

v
+ε

m
, where W

v
 (>0) is the energy release

due to the climb of a grain boundary dislocation,
per one vacancy emitted by the dislocation.

(b) Cores of grain boundary dislocations and
disclinations are characterized by excess free
volume, in which case their presence in grain
boundaries increases the total free volume that
characterizes the grain boundary phase in
nanocrystalline materials. This decreases values
of ε

f
 and ε

m
 and, therefore, enhances diffusion

processes occurring by vacancy mechanism.
(c) Dilatation stress fields of grain boundary dislo-

cations and disclinations influence migration of

vacancies. More precisely, in spirit of the theory
of diffusion in stressed solids [146], the elastic
interaction between vacancies and grain bound-
ary dislocations and disclinations is
characterized by the energy:

ε
σ

int
= − ii V∆

3
, (5.2)

where σ
ii
 denotes the sum of dilatation com-

ponents (say, components σ
xx

, σ
yy

, σ
zz
, written in

(x,y,z) – coordinates) of stress fields created by
grain boundary defects, and ∆V the excess free
volume associated with a vacancy. To minimize
ε

int
, vacancies migrate to regions where

compressive stresses exist. This vacancy mi-
gration contributes to the enhanced diffusion in
nanocrystalline materials. The effect discussed
is quantitatively described by formula (5.1) with
the sum ε

f
+ ε

m
 being replaced by the sum

ε
f
+ ε

m
+ ε

int
.

Thus, the factor (a) gives rise to the diffusion
enhancement owing to the influence of grain bound-
ary dislocations on the generation of vacancies. The
factors (b) and (c) facilitate the vacancy migration
and therefore, cause the diffusion enhancement in
nanocrystalline materials. According to the theo-
retical analysis [143], the most essential
contribution to the diffusion enhancement is due to
the dislocation climb in grain boundaries (see fac-
tor (a)). With this taken into account, in next sec-
tion we, following [143,144], will consider the effects
of grain boundary dislocations on diffusion in
nanocrystalline materials, with focusing on the climb
of grain boundary dislocations composing dipole
configurations.

5.3. Climb of grain boundary
dislocations and diffusion in
nanocrystalline materials

Nanocrystalline materials are effectively fabricated
by mechanical methods at highly non-equilibrium
conditions (see, e.g., [105,147] and this review), in
which case “non-equilibrum” defect structures are
formed at grain boundaries. In particular, grain
boundaries in such materials contain not only geo-
metrically necessary dislocations (that is, grain
boundary dislocations associated with the mean
boundary misorientation, e.g., [123]), but also the
so called “excess” grain boundary dislocations (that
provide local deviations of the boundary
misorientation from its mean value and commonly
are chaotically distributed along a grain boundary)
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(Fig. 5.1a). In doing so, owing to highly non-equilib-
rium conditions of synthesis, the geometrically nec-
essary dislocations at grain boundaries in mechani-
cally synthesized nanocrystalline materials, in gen-
eral, are disorderedly displaced relative to their “equi-
librium” positions (Fig. 5.1a). During some relax-
ation time interval after mechanical synthesis of a
nanocrystalline sample, transformations of the en-
semble of grain boundary dislocations occur lead-
ing to a release of its elastic energy. In doing so,
the “excess” dislocations with opposite Burgers
vectors move (climb and glide) to each other and
annihilate, and the geometrically necessary dislo-
cations move (climb and glide) to their equilibrium
positions (Fig. 5.1b).

The climb of grain boundary dislocations during
the relaxation time interval is accompanied by both
emission and absorption of point defects: vacan-
cies and interstitial atoms (Fig. 5.2). In these cir-
cumstances, emission of vacancies (“take-off” of
vacancies from dislocation cores and their
consequent displacement into the surrounding grain
boundary phase, see Fig. 5.2a) is more intensive
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than that of interstitial atoms (Fig. 5.2b), because
vacancies are essentially more mobile compared
to interstitial atoms [140]. Also, it should be noted
that absorption of vacancies, which accompanies
the climb of grain boundary dislocations (Fig. 5.2c),
needs vacancies to permanently move to disloca-
tion cores from a surrounding material, while
emission of vacancies (Fig. 5.2a) is not related to
such a restictive condition. As a corollary, emission
of vacancies (Fig. 5.2a) occurs more intensively than
absorption of vacancies (Fig. 5.2c) and absorption
of slow interstitial atoms (Fig. 5.2d). With the afore-
said taken into account, in the following we will fo-
cus our consideration on the effects of only those
processes of grain boundary dislocation climb, that
are accompanied by emission of vacancies (Fig.
5.2d).

The largest contribution to energy of “non-equi-
librium” defect structures at grain boundaries (Fig.
5.1a) commonly is related to the existence of ex-
cess grain boundary dislocations. Therefore, climb
and annihilation of such dislocations, which are
accompanied by emission of vacancies are
characteristic processes of relaxation of grain bound-
aries in nanocrystalline materials. Below, for defi-
niteness, we, following [143,144], will consider one
of such processes, namely the climb and
consequent annihilaton of two grain boundary dislo-
cations that compose a dipole configuration of the
vacancy type (that is, dipole of dislocations whose
annihilation results in emission of vacancies); see
Fig. 5.3.

Stress fields of the grain boundary dislocations
composing the dipole are effectively screened with
the screening length λ being the dipole arm (dis-
tance between the dislocations; see Fig. 5.3a).
Therefore, the energy W of the dislocation dipole, in
the framework of the linear theory of elasticity (e.g.,
[145]), is given by the following approximate formula:
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for λ>2a. Here W
d
(λ) denotes the energy of disloca-

tion having λ as the screening length of its stress
field, d the dislocation length, ±b the dislocation
Burgers vectors, G the shear modulus, ν the Pois-
son ratio, r

0
 the dislocation core radius, Z the fac-

tor taking into account the contribution of the dislo-
cation core into energy W.

Climb of one of the dislocations composing the
dipole configuration by a, the mean interatomic dis-
tance in the grain boundary, (Figs. 5.3a and b)
releases the dipole energy by value of ∆W(λ)=W(λ)-
W(λ-a) and results in emission of d/a vacancies. In
this situation, ~ε

f , the energy of formation of one
vacancy at the climb of the dislocations that
compose the dipole configuration (Figs. 5.3a and
b), is given as:

~ ( )ε ε λνf f W= − , (5.4)

where ε
f
 is the energy of formation of one vacancy

in the grain boundary phase in the absence of dislo-
cations, and W

v
(λ) is the decrease of the disloca-

tion dipole energy W due to emission of one va-
cancy, related to the climb of the dislocations
composing the dipole:

a

d
W

a

d
W W aν λ λ λ λ( ) ( ) ( ( ) ( ))= = − −∆  (5.5)

for λ > 2a, from (5.4) and (5.5) we find

Gb a

a
ν λ

π ν

λ

λ
( )

( )
ln=

− −

2

2 1
. (5.6)

For λ ≤ 2a, stress fields of the dislocations
composing the dipole configuration, are localized
mostly in dislocation cores, in which case the dis-

Fig. 5.3. Climb and annihilation of grain boundary
dislocations composing dipole configuration.

location energy is highly influenced by factor Z. The
further climb of the dislocation towards each other
represents, in fact, the process of their annihilation
resulting in emission of 2(d/a) vacancies and de-
creasing the dipole energy from its value

a
Gb a Z

( )
(ln )

( )
λ

π ν
= ≈

+

−
2

2

2 1

2

 at λ = 2a to zero that

corresponds to λ = 0 (annihilation). As a corollary,
for λ ≤ 2a, the dipole energy decreases by value of

Gb a Z
ν λ

π ν
( )

(ln )

( )
≈

+

−

2 2

4 1
 (5.7)

due to emission of one vacancy, which accompa-
nies the dislocation annihilation.

The dependence of W
v
 on λ/a, given by formulae

(5.6) and (5.7), is shown in Fig. 5.4, for the following
characteristic values of parameters: G=50 GPa, a
≈ 0.3nm, b ≈ a/3, Z ≈ 1, and n ≈ 1/3. From Fig. 5.4
it follows that emission of vacancies is facilitated
more intensively with decrease of the distance λ
between the dislocations composing the dipole
configuration.

Let us discuss the effect of dislocation-climb-
induced emission of vacancies on diffusion in
nanocrystalline materials. The coefficient of diffu-
sion occurring via vacancy mechanism (which com-
monly is most effective) in the absence of “excess”
boundary defects is given by formula (5.1), where
factor exp(-ε

f
/kT) characterizes equilibrium concen-

tration of vacancies (when dislocation climb and di-
latation stresses do not influence vacancy forma-
tion). The vacancy concentration in vicinity of the
climbing dislocations (Fig. 5.3) is higher then the
equilibrium concentration, because vacancy forma-
tion is facilitated due to the climb of dislocations.
The effect in question is quantitatively described by
the following change of the vacancy formation energy:
ε

f
→ ~ε

f = ε
f
- Wν and by the corresponding local

change of diffusion coefficient: D → D*, where D* in
vicinity of the climbing dislocations (Fig. 5.3) is given
as:

D D
W

kT

* exp= �
�
	



ν
. (5.8)

With the dependence W
v
(λ) (see Fig. 5.4) taken

into consideration and factor exp(Wv /kT) averaged
on λ (ranging from 0 to 10a), we find that the diffu-
sion coefficient in vicinity of the climbing disloca-
tions is D* ≈ 300·D.

In nanocrystalline materials during relaxation time
interval (after synthesis at highly non-equilibrium
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conditions, say, after fabrication by severe plastic
deformation method) almost all grain boundaries
contain non-equilibrium defect structures, in particu-
lar, “excess” dislocations whose annihilation
enhances diffusion. In this situation, D* plays the
role of grain boundary diffusion coefficient in
nanocrystalline materials fabricated at highly non-
equilibrium conditions. To summarize, our estima-
tions allow us to conclude that the climb of grain
boundary dislocations (Fig. 5.3) essentially enhances
diffusion processes in nanocrystalline materials (in
particular, nanocrystalline materials fabricated by
severe plastic deformation), causing increase of the
grain boundary diffusion coefficient by about 2 orders
of magnitude. Thus, the climb of grain boundary dis-
locations is capable of strongly contributing to the
experimentally observed (see [81,107-109])
anomaously fast diffusion in nanocrystalline materi-
als during some relaxation time interval after their
synthesis at highly non-equilibrium conditions.

Similar effects on the diffusion enhancement are
caused by climb transformations of complicatedly
arranged boundary dislocation structures (say, dis-
location walls) in nanocrystalline bulk materials and
films [148]. In doing so, misfit stresses (which com-
monly play the important role in processes occur-
ring in single-, poly- and nanocrystalline films, e.g.,
[149-158]) essentially affect transformations of grain
boundary defects and, therefore, the diffusion pro-
cesses in nanocrystalline films [148].

Following [141-143], the elastic interactions be-
tween the diffusing species and grain boundary dis-
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locations and disclinations (see point (c) in section
5.2) facilitate migration of vacancies and impurities,
causing the diffusion enhancement in vicinities of
grain boundaries. In this situation, the diffusion rate
is increased by factor M ~1-5 in vicinities of grain
boundaries. The effect discussed is small compared
to that related to the climb of grain boundary dislo-
cations.

5.3. Concluding remarks

Thus, there are controversial experimental data and
theoretical representations on diffusion processes
in nanocrystalline materials. At the same time, dif-
fusion in mechanically synthesized bulk nano-
crystalline materials is definitely recognized as the
strongly enhanced diffusion compared to that in
coarse-grained polycrystals and nanocrystalline
materials fabricated by non-mechanical (more equi-
librium than mechanical) methods. This experimen-
tally documented phenomenon is naturally explained
as that occurring due to the deformation-induced
non-equilibrium state of grain boundaries, in which
case mechanically generated grain boundary de-
fects strongly enhance the boundary diffusivity.

6. RELATED PHENOMENA (GRAIN
BOUNDARY PHASE PHENOMENA,
SUPERPLASTICITY) IN
NANOSTRUCTURED MATERIALS

The properties of modern materials, especially those
of superplastic, nanocrystalline or composite ma-
terials, depend critically on the properties of inter-
nal interfaces such as grain boundaries and inter-
phase boundaries (IBs). All processes which can
change the properties of GBs and IBs affect drasti-
cally the behaviour of polycrystalline metals and
ceramics [159]. GB phase transitions are one of
the important examples of such processes [160].
Recently, the lines of GB phase transitions began
to appear in the traditional bulk phase diagrams [160-
165]. The addition of these equilibrium lines to the
bulk phase diagrams ensures an adequate descrip-
tion of polycrystalline materials, particularly their
diffusion permeability, deformation behaviour and the
evolution of the microstructure.

In this work GB wetting, prewetting and
premelting phase transitions are discussed.
Consider the contact between a bicrystal and a liquid
phase L. If the GB energy σ

GB
 is lower than the energy

of two solid/liquid interfaces 2σSL, the GB is not
completely wetted and the contact angle θ > 0. If
σ

GB
 > 2σ

SL
 the GB is wetted completely by the liquid
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phase and θ = 0. If the temperature dependencies
σ

GB
(T) and 2σ

SL
(T) intersect, then the GB wetting

phase transition proceeds at the temperature T
w
 of

their intersection. The contact angle θ decreases
gradually with increasing temperature down to zero
at T

w
. At T > T

w
 the contact angle θ = 0. The tie line

of the GB wetting phase transition appears at T
w  

in
the two-phase region (S+L) of the bulk phase dia-
gram. Above this tie line GBs with an energy σ

GB

cannot exist in equilibrium with the liquid phase.
The liquid phase forms a layer separating the
crystals. Correct investigations of the GB phase
transitions were perfomed using metallic bicrystals
with individual tilt GBs in the Al–Sn [161], Cu–In
[162], Al–Pb–Sn [161,166,167], Al–Ga, Al–Sn–Ga
[168,169], Cu–Bi [163,170,171], Fe–Si–Zn [172-
175], Mo–Ni [176], W–Ni [177] and Zn–Sn [165]
systems. The tie-lines of the GB wetting phase tran-
sition were constructed basing on the experimental
data [161,162,165-177]. The difference in the GB
wetting phase transition temperature was experi-
mentally revealed for GBs with different energies
[162,166]. The precize measurements of the tem-
perature dependence of the contact angle revealed
also that the GB wetting phase transition is of the
first order [166].

The deformation behavior of metals in the semi
solid state has been extensively investigated from
the viewpoint of rheological flow [179-180]. These
studies have shown that the viscosity of the semi-
solid metals depends on the volume fraction and
morphology of the solid phase and the shear strain
rate. In addition, the deformation behavior in a semi-
solid state at the early stages of melting has been
investigated by compressive creep tests [181-184].
Vaandrager and Pharr [182] showed that the defor-
mation mechanism in a semi-solid state at the early
stages of melting is grain boundary sliding accom-
modated by cavitation in a liquid phase for the copper
containing a liquid bismuth. This deformation mecha-
nism in the semi-solid state at the early stages of
melting appears to be different from that in the semi-
solid state during solidification. The presence of a
liquid phase gives rise to complicated effects on
the deformation behavior in the semi-solid state.
Deformation in the semi-solid state is phenomeno-
logically divided as follows; plastic deformation of
solid phases, sliding between solid phases, flow of
liquid incorporating solid phases and liquid flow [180].
For compressive deformation, because the liquid
phase is squeezed out of boundaries experiencing
compressive stresses in a very short time [182], it
is difficult to investigate deformation related to the
liquid flow by compressive tests. In [185] the shear

tests were carried out over a wide temperature range
of 480–620 °C, including temperatures below and
above the solidus temperature, for Al–5 wt. % Mg
alloy to investigate deformation behavior in semi-
solid states at early stages of melting. Pharr et al.
[184] showed that the liquid phase significantly af-
fects creep behavior of alloys when a significant
portion of the grain boundary area, in excess of 70%,
is wet. This revealed that the volume fraction of the
liquid phase is an important factor in the deforma-
tion characteristics in the semi-solid state. The same
trend has been reported in a semi-solid state at
solidification [182]. However, deformation in the
semi-solid state is very complicated and cannot be
characterized only by the volume fraction of a liquid
phase. In [185] the pure shear of Al–5 wt. % Mg
alloy was investigated. This method permits to ex-
clude the sqeezing of the liquid phase from the
sample. The shear strain to failure drops drastically
at the solidus temperature (Fig. 6.1) [185]. In the
semi-solid phase it is about 6 times lower than in
the solid solution. Using the microgarphs of the struc-
ture of polycrystals in the semi-solid state from [185]
we calculated the fraction of the fully wetted GBs in
dependence on the temperature. This dependence
is shown in the Fig. 6.2. GB wetting phase transi-
tion proceeds in the Al–5 wt. % Mg alloy. The frac-
tion of the fully wetted GBs increases with increas-
ing temperature, and above T

wmax
 = 892 °C all high-

angle GBs in the polycrystal are completely wetted.
In the Fig. 6.3 the Al–Mg bulk phase diagram is
shown with the lines of GB wetting phase transition
(thin solid lines). The thick solid lines represent the
bulk phase transitions [186]. Together with the tie-
line of the full GB wetting at T

wmax
, the tie lines at

T
w0.75

 and T
w0.5

 are shown. They represent the tem-
peratures, above which 75% and 55% of all high-
angle GBs are wetted. The continuous change of
the fraction of wetted GBs influences strongly the
mechanism of the deformation. In Fig. 6.4 the tem-
perature dependence of the shear strain rate is
shown recalculated from the data [185]. In the solid
solition the of the shear strain rate increases mod-
erately with increasing temperature, and the activa-
tion energy (135 kJ/mol) is very close to the activa-
tion energy of Mg diffusion in Al (131 kJ/mol). In the
semi-solid state the shear strain rate increases dras-
tically. Close to T

wmax
 the (formally calculated) acti-

vation energy is about 1650 kJ/mol, i.e. ten times
higher than the activation energy for the viscosity of
Al melt. It means that in the semi-solid state no
unique thermally-activated mechanism is working.
Due to the temperature increase of the fraction of
wetted GBs, the structure of the solid skeleton
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changes continuously. It becomes more and more
cutted with increasing temperature, therefore, mak-
ing the shear easier in addition to the pure tempera-
ture activation.
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It was pointed out by Cahn [187] that, when the
critical consolution point of two phases is ap-
proached, GBs of one critical phase should be
wetted by a layer of another critical phase, and in
the one-phase region of a phase diagram there should
be a singularity connected with an abrupt transition
to a microscopic wetting layer. We distinguish two
possible situations: the first one, when a layer of
the new phase is formed on the GB (prewetting tran-
sition), and the second one, when the GB is
replaced by a layer of the new phase (premelting
phase transition). At the prewetting transition the
difference between two phases must be small, while
at the premelting transition the wetting phase may
differ from that of the bulk dramatically. The lines of
the GB prewetting or premelting phase transitions
appear in the one-phase areas of the bulk phase
diagrams where only one bulk phase can exist in
the thermodynamic equilibrium (e.g. solid solution,
see Fig. 6.5). These lines continue the tie-lines of
the GB wetting phase transitions and represent the
GB solidus (Fig. 6.5). The thin liquid-like layer of
the GB phase exists on the GBs between the bulk
solidus and GB solidus in the phase diagram. Dur-
ing the GB premelting phase transition this layer
appears abruptly on the GB by the intersection of
GB solidus. As a result, the GB properties
(diffusivity, mobility, segregation) change dramati-
cally.

The premelting transition has been revealed in
the ternary Fe–Si–Zn system by measurements of
Zn GB diffusivity along tilt GBs in the Fe–Si alloys
[172-175]. It was found that the penetration profiles
of Zn along GBs consist of two sections, one with a
small slope (high GB diffusivity) at high Zn
concentrations and one with a large slope (low GB
diffusivity) at low Zn concentrations. The transition
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from one type of behavior to the other was found to
occur at a definite Zn concentration c

bt
 at the GB,

which is an equilibrium characteristic of a GB and
depends on the temperature (Fig. 6.6). The GB
diffusivity increases about two orders of magnitude
which is an indication of a quasi-liquid layer present
in the GBs at high Zn concentration. The line of GB
premelting phase transition in the one-phase area
of the bulk phase diagram continues the line of the

GB wetting phase transion in the two-phase L+S
area: by pressure increase both the GB wetting and
the GB enhanced diffusivity disappear together at
the same pressure value (Fig. 6.7) [175]. The GB
mobility was studied for two tilt GBs in bicrystals
grown of high purity 99.999 wt. % Al and of the same
material doped with 50 wt. ppm Ga [169]. The GB
mobility increased about 10 times by increase of
the Ga content for the both GBs studied. Normally,
the addition of a second component can only de-
crease the GB mobility due to the solution drag
[188]. The increase of the GB mobility can only be
explained by the formation of the liquid-like Ga-rich
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layer on the GBs as a result of a premelting phase
transition The GB segregation of Bi in Cu was stud-
ied in the broad temperature and concentration in-
terval [163,170,171]. It was shown that at a fixed Bi
concentration the GB segregation change abruptly
at a certain temperature (Fig. 6.8). Below this tem-
perature the GB Bi concentration is constant and
corresponds to a thin layer of pure Bi (GB phase).
Above this temperature the GB segregation is lower
than one monolayer of Bi and decreases gradually
with increasing temperature according to the usual
laws. These features indicate also the formation of
a thin layer of a GB phase in the one-phase area of
the bulk Cu–Bi phase diagram. The points of the
abrupt change of the GB segregation form the GB
solidus line in the bulk Cu–Bi phase diagram
[170,171].

Superplastic forming is a commercial, viable,
manufacturing technology. One of the major draw-
backs of conventional superplastic forming is that
the phenomenon is only found at relatively low strain
rates, typically about 10–4 to 10–3 s–1. Recently, a
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number of studies have indicated that superplastic-
ity can sometimes occur at extremely high strain
rates (greater than 10–3 s–1and up to 102 s–1). A spe-
cific example is a tensile elongation of over 1250%
recorded at a strain rate of 102 s–1 [188]. Thus far,
this phenomenon, denoted as high-strain-rate su-
perplasticity (HSRS), has been reported in several
classes of materials, including metal alloys [189],
metal-matrix composites [190-193] and mechani-
cally-alloyed materials [194-196]. Despite these
extensive experimental observations, the fundamen-
tal understanding of the factors leading to HSRS
has not yet been arrived at. One very pertinent fact
is that all of the materials that exhibit HSRS have a
very fine grain size (~ 1 µm). Another is that the
phenomenon is observed at rather high homologous
matrix temperatures and very close to the matrix
solidus temperature. In Fig. 6.9 the example is
shown of HSRS for the 7475 Al–Zn–Mg alloy. The
data are taken from independent works [197,198]
and reveal the very good reproducibility of the ef-
fect. Both temperature dependencies have rather
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narrow maximum few degrees below the solidus tem-
perature T

s
. It is important to mention that the soli-

dus temperature was measured by the differential
thermal analysis (DTA) in the same works [197,198].
The maximum elongation to failure reaches 1250%.
Below T

s
 the maximal elongation is about 500%,

above Ts. the maximal elongation drops very quickly
down to almost 0%.

We suppose that the HSRS phenomenon can
be explained using the ideas on the GB phase tran-
sitions in the two-phase S+L area and the solid so-
lution area of the bulk phase diagrams. Using the
data published in the literature, we constructed the
lines of the GB wetting phase transition for the 7xxx
Al–Zn–Mg alloys (Fig. 6.10). The liquidis line (thick
solid line, open down triangles) have been
cosntructed using the linear interpolation of liquidus
lines for the binary Al–Mg and Al–Zn phase diagrams
[186]. Solidus line (thick solid line, full circles) has
been drawn through the melting point for Al [186]
and experimental points obtained using DTA for the
7xxx alloys [183, 197-199]. Open and full squares
mark the solid and semi-solid mechanical behavior,
respectively [183]. Open and full diamonds mark the
samples where the microstructural observations re-
vealed the presence or absence of the liquid phase,
respectively [183,197,198]. The analysis of the mi-
crostructures published in [183,197,198] permitted
us to estimate the fraction of completely and par-
tially wetted GBs (data marked by stars). These
estimations allow to construct the GB wetting tran-
sition tie-lines (thin solid lines) for the T

wmax
 (above

T
wmax

 all high-angle GBs in the polycrystal are com-
pletely wetted) [197,198] and T

w50% 
 (above T

w50%

about 50% of the high-angle GBs in the polycrystal
are completely wetted) [183].
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In the Fig. 6.11 the liquidus, solidus lines and
GB wetting tie-lines obtained in the Fig. 6.11 are
repeated without experimental points. The data on
mechanical tests (full and open up-triangles) are
added [197-201]. Full triangles mark the maximal
elongation-to-failure obtained in the tests performed
at different temperatures [197,198,200]. Full tri-
angles lye either below the bulk solidus line or
coincide with it. The temperature difference between
temperature of the maximal elongation-to-failure and
T

s
 decreases with increasing concentration of Mg

and Zn. According to the thermodynamics, the tie-
lines of the GB wetting phase transition cannot fin-
ish at the intersection with the bulk solidus. They
have to form the GB solidus line which continue in
the solid solution area of the bulk phase diagram
and finish in the melting point of the pure component.
In the limiting case the degenerated GB solidus
coinside with the bulk solidus. But in some sys-
tems it can extend into the solid solution area like it
is shown in Fig. 6.7. In that case the layer of the
liquid-like GB phase exists in the GBs between the
GB and bull solidus lines. Previously we have shown
that the presence of such liquid-like layer in GB
leads to the enhanced GB diffusivity, mobility and
segregation of the second component [163,169-175].
Such GB solidus lines are drawn also in Fig. 6.11
(thin solid lines). They continue the T

wmax
 and T

w50%

GB wetting tie-lines and finish in the melting point
of Al. The GB solidus lines are drawn in such a way
that the points of the maximal elongation-to-failure
are between the GB and bulk solidus. Therefore,
the enhanced plasticity of the nanograined polycrys-
tals can be explained by the GB phase transition
leading to the formation of the liquid-like layer on
the GB in the narrow band of the solid solution area,
just below the bulk solidus line. The phase diagrams



������������	�
���	��
���������	���������	�����������
��	����	�

similar to those shown in Figs 6.10 and 6.11 can be
constructed using the published data on HSRS, DTA
and microscopy also for the 2xxx (Al–Zn–Mg)
[192,184-196, 198, 202-204], 5xxx (Al–Mg) [194,198,
205,206] and 6xxx (Al–Si–Mg) [193,194,198,205-
210] alloys. All authors studied the HSRS phenom-
enon mention that the physical reason of such a
huge and reproducible increase of the plasticity is
unknown. We suppose for the first time that the
HSRS phenomenon can be explained by the exist-
ence of the equilibrium GB liquid-like layer close to
the bulk solidus.

7. ORDERING-REORDERING
KINETICS IN NI3AL BASE ALLOYS
PROCESSED BY BALL MILLING

7.1. Introduction

Mechanical alloying (MA), first developed in the
1960s, is a high energy ball milling process [211-
214]. An initial blend of powders is repeatedly
kneaded together and re-fractured by the action of
the ball-powder collisions until a powder is produced
in which each particle has the composition of the
initial powder blend. The extremely fine grain sizes
generated during MA as well as the ability to pro-
duce a variety of non-equilibrium phases ranging from
supersaturated solid solution to nanocrystalline and/
or amorphous phases, may offer a means of im-
proving ductility and providing a better balance of
properties in challenging new materials, such as
intermetallic compounds. Since the process takes

place entirely in the solid state, it is also possible
to produce new alloys from virtually immiscible
components. Alternatively the MA process can be
used to distribute a second phase homogeneously
throughout a chosen matrix to produce a particu-
late reinforced metal matrix composite (MMC).

Unlike other methods (phase gas composition,
electrodeposition), mechanical alloying / ball milling
(MA/BM) produces nanostructured materials not by
cluster assembling but by structural decomposition
of coarse-grained structures as the result of heavy
plastic deformation. This makes BM technique simi-
lar to several plastic deformation techniques devel-
oped in [215]. Ball milling has become a widely used
method to synthesize nanocrystalline materials be-
cause of its simplicity, the relatively inexpensive
equipment and the applicability to essentially all
classes of materials. Nevertheless, some serious
problems are usually cited: contamination from
milling media and/or milling atmosphere and the
need to consolidate the powder product with main-
taining the nanostructured feature of the material.

7.2. Ball milling devices

A variety of different types of ball mills have been
used for the mechanical processing of powders, in-
cluding attritor, vibratory mills and planetary mills.
Fig. 7.1a shows the schematic view of an attritor
[212]. Milling occurs by the stirring action of an agi-
tator that has a vertical rotating shaft with horizontal
arms. The motion causes a differential movement
between the balls and the powder.

a b
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Several different kinds of laboratory-scale high
energy ball mills have been developed for research
purposes. The SPEX model 8000 shaker has been
used intensively for research on small amount of
powder. The shaker is highly energetic compared
to the attrition and vibratory mills [216]. Some of
researchers have designed their own high energy
milling devices. For example, the single large ball
from steel vibrates in a tungsten carbide bottom steel
vial attached to vibrating frame (Fig. 7.1b). To pro-
tect the sample against oxidation during milling, a
turbomolecular high-vacuum system is usually
connected to the ball-mill machine. Milling times
can be varied from several minutes up to months.
Fig. 7.2 demonstrates the scheme and photograph
of planetary mill. This mill, also known as centrifu-
gal or planetary mills, is a device used to rapidly
grind materials to colloidal fineness (approximately
1 micron and below) by developing high grinding
energy via centrifugal and/or planetary action. Each
bowl sits on an independent rotable platform, and
the entire assembly is also rotated in a direction
opposite to the direction of the bowl platform rotation.
In planetary action, centrifugal forces alternately add
and subtract. The grinding balls roll halfway around
the bowls and then are thrown across the bowls,
impacting on the opposite walls at high speed.
Grinding is further intensified by interaction of the
balls and sample. Planetary action gives up to 20 g
acceleration and reduces the grinding time to about
2/3 of a simple centrifugal mill (one that simply spins
around). Grinding media are available in agate, sin-
tered corundum, tungsten carbide, tempered chro-
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mium steel, stainless steel, zirconium oxide, and
polyamide plastic. The exact type of bowl and balls
that are used depend on the type of material being
ground.

7.3. Kinetic of ordering – reordering
transformation in Ni3Al alloys

The main driving force for the study and develop-
ment of advanced ordered alloys and intermetallics
is the potential that this class of materials offers for
high temperature applications. For this reason, in
the last years, a considerable amount of work has
been done to investigate ordered alloys. In the case
of L1

2
(γ’) alloys, they usually undergo a first-order

transformation to a disordered fcc (γ) phase when
heating beyond a critical transition temperature T

cr
.

The properties of both the ordered γ’ and disordered
γ phases as well as the thermodynamics and
kinetics of the order-disorder transformations at T

cr

can be studied by various techniques when T
cr
 is

below the melting temperature T
m
 of the alloy [217].

However, L1
2
 phases present an inaccessible equi-

librium disordered γ phase, because T
cr
 > T

m
, and

in spite of an inadequate ambient temperature duc-
tility and consequently, a limited workability, this
class of materials have a great interest for industrial
application due to their high temperature strength,
relatively high melting points, and more oxidation
and corrosion resistance [218,219].

It has been proved, that the lack of atomic order
corresponds to an increase in the deformability in
comparison to the ordered state, so it is certainly
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interesting to understand how the disordered phase
can be obtained and retained at room temperature.
The discovery that permanently ordered phases can
be completely disordered not only by intense plas-
tic deformation [220,221], but also by electron
irradiation [222] and, very recently, by ultra-rapid
solidification of sputter deposited films and by melt-
spinning [223], offers the possibility for a better un-
derstanding of how the physical and mechanical
properties of such artificially disordered
nanocrystalline alloys change as order is gradually
reintroduced.

7.4.  Experimental Procedure

The metastable nanocrystalline completely disor-
dered Ni

3
Al based alloys were prepared by mechani-

cal attrition following the procedures described in
[224,225], for Ni

3
Al and Ni

75
Al

12
Fe

13
 alloys,

respectively. The x-ray diffraction (XRD) analysis was
used for evaluating the average size of the coherent
diffracting domains and the microstrain. More de-
tails can be found elsewhere [226]. The thermal sta-
bility of the metastable nanophase formed during
ball milling was studied by differential scanning calo-
rimetry (DSC) under pure argon atmosphere. Ex-
perimental details are described in [226]. Low tem-
perature magnetic properties were measured using
a superconducting-quantum interference device
(SQUID) and high temperature measurements were
performed on a furnace-equipped magnetometer
[224].

7.5. Results and Discussion

Differential scanning calorimetry. On heating the
milled samples, reordering, accompanied by grain

growth of the crystalline phase is observed. The DSC
curves reported in Fig. 7.4 show a typical result of a
continuous heating experiment on the samples stud-
ied. Independently of the composition, an exother-
mic transformation occurs over a wide range of tem-
peratures (373-873K). This transformation is com-
posed of different processes, as evident from the
complex shape of the calorimetric signal. Similar
results were obtained in ball milled Ni3Al [220] and
also for Ni

3
Al vapor-deposited thin films [228]. It is

interesting to compare DSC curve for Ni
3
Al based

alloy processed by severe plastic deformation tech-
niques (Fig. 7.4) [229]. This suggests that reorder-
ing of these compounds is not affected by the way
in which the metastable disordered nanocrystalline
structure is achieved, and indirectly confirm, also
for Ni

3
Al, the analogies between metastable and

nanocrystalline structures produced by mechanical
attrition and other techniques, such as electrodepo-
sition or severe plastic deformation [230]. All these
transformations are irreversible: on repeating a heat-
ing DSC scan with the same specimen, no trans-
formation was detected anymore. These second
scans, performed without changing the sample
configuration, were then used as baseline for esti-
mating the total enthalpy output, from the integrated
area of the peaks. The enthalpy release increases
with the milling time and even long after long range
order has disappeared, no evident steady value is
achieved. In this sense, the contribution of grain
growth to this enthalpy release cannot be disre-
garded. According to different authors [231,232] the
enthalpic contribution coming from grain growth in
nanocrystalline elemental powders shows values
twice than expected for the enthalpy stored in the
fully equilibrated grain boundaries of such a refined
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microstructure. In this case approximately 60% of
the enthalpy release can correspond to grain growth.
Identification of the processes which may contribute
to the complex calorimetric signal has been at-
tempted and reported elsewhere [224]. Three stages
have been identified, the second, more intense sig-
nal being associated with the simultaneous evolu-
tion of ordering and grain growth.This result is again
in agreement with those already reported for both
milled powders [220] and thin films [228].

Harris el al. [228] regard the low-temperature
peak as determined by the reestablishment of short-
range order. This hypothesis is nicely proved by the
results obtained from electron energy-loss fine struc-
ture measurements on Ni

3
Al thin films, vapor-de-

posited in the disordered nanocrystalline state, and
then annealed for several hours at 423K [233]. A
further proof of such attribution of the low tempera-
ture exothermic peak to short-range reordering is
indirectly given by the DSC curves reported for
elemental milled powders [234]. They show in act a
complex exothermic process very similar to those
observed for our milled powders. The only substan-
tial difference is the lack of the low temperature peak
that, in view of its suggested origin, cannot be present
as no chemical reordering can occur in pure metal
powders. No clear and conclusive interpretation is
proposed for the high temperature, weaker compo-
nent of the overall transformation. It is also the more
difficult phenomenon to deal with, since it strongly
overlaps the second process. By considering the
temperature range over which it occurs and the low
enthalpy associated with it, it can be inferred that it
might be due to annealing out of dislocations, usu-
ally not mobile at temperatures as low as those of
the first two processes. Against this dislocation re-
lated interpretation are the already mentioned ob-
servations reported for Ni

3
Al nanocrystalline thin-

films. As said, the structure of the DSC curves is
exactly the same as that of the milled powders. It is
difficult to figure out the reason why a high density
of dislocations should be present in these thin films
in such a concentration to affect their reordering ki-
netics.

Magnetic measurements. The low-temperature
magnetization curves at an intensity field of 2 kOe
are shown in Fig. 7.5 where Fig. 7.5a corresponds
to the disordered state of a nanocrystalline Ni3Al
based alloy and Fig. 7.5b to the same sample an-
nealed to restore the L1

2
 ordered phase. From the

figure it is seen that the Curie temperature of both
phases is about 85K, while the magnetization at
very low temperature of the γ phase is much higher
than that of the disordered phase. While the γ state
of Ni

3
Al is ferromagnetic only at low temperatures,

the addition of a few percent of Fe raises the Curie
temperature T

C
 very rapidly to several hundred de-

grees as giant moments around Fe-atoms polarize
the surrounding nickel atoms [235]. Fig. 7.6 shows
the magnetization at an intensity field of 2 kOe ver-
sus temperature for Ni

75
Al

12
Fe

15
 disordered for 8 h

by ball-milling. Due to the disorder to order transi-
tion the heating curve is irreversible but the cooling
curve is superimposed by subsequent heating and
cooling cycles.

Kinetics evaluated from DSC Measurements.
Kinetic analysis based on calorimetric measure-
ments has been performed on the second contribu-
tion to the exothermic peak of a sample which was
milled for 20 h. The kinetic analysis of the reorder-
ing process has been done in terms of the transi-
tion state rate theory, which properly describes the
kinetics of many thermally activated solid-state re-
actions. For this purpose, the fraction transformed,
x, and its rate, dx/dt, have been determined for the
different DSC experiments as reported in [235]. In
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the classical nucleation-and-growth process, as de-
picted by the Johnson-Mehl-Avrami-Erofe’ev (JMAE)
analysis [236], the rate of transformation is given
by

dx

dt
K t f x= ( ) ( ) . (7.1)

Here K(T) is the reaction rate, generally given by an
Arrhenius expression

K t K
E

RT
( ) exp= −�

�
	

0 , (7.2)

where E is also the apparent activation energy and
K

0
 the pre-exponential factor both independent of

temperature or progress of the transformation pro-
vided if the temperature range, over which the trans-
formation occurs, is not too broad. The function f(x)
is given by the expression

f x p x x
p

p( ) ( ) ln( )= − − −
−

1 1
1

, (7.3)

where p is the kinetic exponent that, depending on
the nucleation mechanism and growth morphology,
varies p between 0.5 and 4 [237]. Under continuous
heating (at a constant rate β) Eq. (7.1) can be
rewritten as

dx

dT

k t f x
=

( ) ( )

β
. (7.4)

There are many different types of processes whose
to transformation behavior could be described by
the general kinetic Eqs. (7.1) to (7.4) in a certain
range of temperature.

The study of the reordering kinetics was carried
on a sample ball-milled for 20 h and the values of
the kinetic parameters E, K

0
 and p were calculated

from experimental data. The Kissinger’s plot [238]
was used to evaluate the apparent activation energy,
E. The values of E obtained in this way for the
reordering process, remain constant irrespective of
the milling time, within the experimental errors [223].
Similar values of E have been obtained for all the
samples analyzed, irrespective of the their
composition. The other parameters have been de-
termined by best fitting the simulated calorimetric
DSC signal to that can be deduced from the model
to the experimental DSC signal of the reordering
process of the sample studied. The results are
quoted in Table 7.1.

Fig. 7.7 shows the DSC curve, at 40 K/min, cor-
responding to the reordering peak together with the
best fit obtained by the JMAE theory. Further con-
firmation of the ability of the considered models to
reproduce the experimental behavior is found by
comparing continuous heating experiments, per-
formed at different heating rates, to the
corresponding simulations. An example of this is
given in Fig. 7.8 where the DSC curves taken at two
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Table 7.1. Values of the kinetic parameters ob-
tained: a) from DSC measurements; b) from mag-
netic measurements [225].

E (eV) K
0
 (s-1) p

Ni
3
Al a) 1.6 3.1010 0.6

Ni
75

Al
12

Fe
13

a) 1.7 – –
b) 1.1-1.8 – 0.7-1
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different heating rates are shown. Superimposed on
them are the signals predicted by the JMAE model.
The shift of the peak temperature is well reproduced.
As well as in continuous heating regime, calorimetric
results have been obtained by operating the DSC in
isothermal regime. This is a usual procedure to ex-
tend the temperature range available to calorimetric
measurements and thus to increase the precision
in kinetic analysis. In Fig. 7.9 the isothermal DSC
curves obtained at two different temperatures after
heating from room temperature at a scanning rate
of 40 K/min are presented. The curves simulated by
the JMAE model are also shown. Two facts, how-
ever, prevented us from getting all information ex-
pected from these isothermal regime
measurements. First, the signal is characterized
by a continuous decay; second, at temperatures
which correspond to the early stages of the
contribution studied, and even after long annealing
times (several hours), the process has not gone to
completion, as is evidenced on further continuous
heating. So, kinetic data available from isothermal

measurements can only be evaluated from continu-
ous heating experiments performed before and af-
ter the anneals. Only in this way it is possible to
know the extent at which the transformation has
proceeded during the isothermal anneal. The anneals
performed complete the transformation progressively
and, as the annealing temperatures are low, the third
contribution remains unchanged and causes little
problem. The JMAE analysis fails to reproduce the
calorimetric results observed upon isothermal
annealing (Fig. 7.10). Correct reproduction has been
obtained by using an increasing value for the appar-
ent activation energy (from 1.42 to 1.85 eV) of the
process [239].

Kinetics evaluated from magnetic measure-
ments. The measured magnetization of Ni

75
Al

12
Fe

13

alloy corresponds to

M T x M T x M T
d

( ) ( , ) ( ', )= +γ γ
0

, (7.5)

where x
d
 and x

0
 are the disordered and ordered frac-

tions, respectively. During the isothermal annealing
in the magnetometer, the magnetization evolves
according to

M T x M T x M T
d ISO ISO

( ) ( , ) ( ', ).= +γ γ
0

 (7.6)

At temperatures higher than the Curie temperature
for the disordered alloy, there is no magnetic signal
from the disordered phase. So, one can say M(T) =
0 at T > T

C
(γ) and set the first term in equation (7.6)

equal to zero and x
0
 could be evaluated through the

following expression:
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x
M T

M T
ISO

0 0
=

( )

( ', )γ , (7.7)

where the denominator corresponds to the magne-
tization of the fully ordered γ’-state (with x

0
 = 1) ob-

tained from the cooling curves of the magnetization
versus temperature at temperatures T corresponding
to the isothermal annealing temperature T

ISO
.

To study the reordering kinetics, isothermal
measurements of magnetization of disordered
Ni

75
Al

12
Fe

13
 alloy have been carried out. The ordered

fraction has been evaluated taking into account the
fraction already transformed when the isothermal
annealing begins at time t=0. Isothermal
measurements at successive temperatures were
performed with the same sample, stepping up the
temperature from T

1
 to T

2
 for example, after a time

t
1
 at T

1
. From the magnetic measurements the

kinetic parameters E and p were evaluated and are
quoted in Table 7.1. In [234] is argued that such low

exponents of the JMAE equation can be explained
by assuming that the ordered phase nucleates in-
side each nanograin and cannot propagate from grain
to grain. These observations may have further sup-
port from the results obtained in [226, 240]. We have
found in fact that not only a lower limiting value of
the long-range order parameter, but also that, after
long term annealing, the ordered domain size
coincides with the average size of the coherent,
scattering domain, and the limiting value of the LRO
parameter is still lesser than unity. As in the DSC
study an increase in E was found with increasing
temperature.

The increase which is observed in the values of
the apparent activation energy with T and x cannot
be attributed to ordering, because there is no direct
evidence of different activation energies for diffusion
in the ordered and disordered alloy in L1

2
 ordering,

which implies that neither the formation nor the mi-
gration energies for vacancies are affected by the
degree of order [241]. A possible explanation comes
then from the following considerations: First of all
mechanical milling induces a substantial quantity
of excess point and line detects. Then this high
concentration of excess points detects, mainly va-
cancies and antisites assists diffusive processes
and tends to be eliminated upon annealing. Finally,
contamination of the Ni3Al-based powders during
milling process is unavoidable. The grinding
impurities (in solid solution) can act as obstacles
to defect migration, affecting in this way the observed
kinetics.

7.6. Conclusions

The reordering of mechanically disordered Ni
3
Al-

based alloys was experimentally studied by means
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of differential scanning calorimetry and magnetiza-
tion measurements.

The apparent activation energies of the second
stage are very close to the reported values of the
activation energies for ordering and vacancy migra-
tion in these alloys. Reordering occurs through the
formation and coarsening of ordered domains.

The JMAE analysis applied to the reordering
transformation gives low values of the kinetic expo-
nent (in the range of 0.6-1). These can be explained
by assuming a model in which order cannot propa-
gate from grain to grain [235].

However, in order to correctly reproduce both
calorimetric and magnetic results obtained upon
isothermal annealing, an increasing value for the
apparent activation energy of the process is needed.
This variation of the apparent activation energy with
the temperature and the degree of transformation
cannot be attributed to ordering. It seems the in-
crease in activation energy with increasing annealing
temperature can be explained in the frame of a model
of vacancy annealing in presence of impurities.

8. CONCLUDING REMARKS

Methods of the severe plastic deformation (SePD)
such as equal channel angular pressing and high-
pressure torsion serve as a unique method for syn-
thesizing nanostructured materials for not only sci-
entific interests but also for potentials of industrial
applications. Nanostructured metals and alloys pos-
sess some unique physical and mechanical prop-
erties differ from those of their coarse-grained
counterparts due to high density of severe-deforma-
tion-induced non-homogeneities in the interfacial
structures as well as presence of high-density
ensembles of lattice defects.

For ECAP processing there is a high sensibility
of plastic deformation uniformity to friction conditions
between ingot and die. The approaches of
enhancement of ECA pressing uniformity due to
optimization of friction conditions based on the ob-
tained results of experimental and FEM have allowed
to fabricate bulk ingots with uniform nanostructured
states in hard-to-deform tungsten and titanium. The
grain growth kinetics in ultrafine-grained nickel pro-
cessed by ECAP is controlled by grain boundary
diffusion and possibly by other short-circuit diffu-
sion paths that may exist in nanostructured materi-
als. The temperature onset of grain growth is
relatively low for normal grain growth but it is
consistent with the decrease in thermal stability
observed in ultrafine-grained metals processed by
severe plastic deformation. The results demonstrate

a good correlation between the microhardness mea-
surements and microstructural observations follow-
ing ECAP and annealing.

For HPT deformation it was established that
samples processed with more than ~5 turns are
capable of producing reasonably homogeneous mi-
crostructures. An additional important processing
parameter is the applied pressure. The experimen-
tal results show that higher pressures facilitate the
formation of ultrafine–grained microstructures.

It is an established fact that metals and alloys
subjected to preliminary deformation have somewhat
higher diffusivities along grain boundaries (generally
by an order of magnitude) relative to their
counterparts subjected to recrystallization. The
method of severe plastic deformation allows one to
attain high levels of deformation and high density of
defects in both grain volume and on the grain bound-
aries. At the same time, the observed increase in
grain boundary diffusivity by at least four orders of
magnitude has to be verified experimentally with the
aid of various techniques.

Thus, there are controversial experimental data
and theoretical representations on diffusion pro-
cesses in nanostructured materials. At the same
time, diffusion in mechanically synthesized bulk
nanostructured materials is definitely recognized as
the strongly enhanced diffusion compared to that in
coarse-grained polycrystals and nanocrystalline
materials fabricated by non-mechanical (more equi-
librium than mechanical) methods. This experimen-
tally documented phenomenon is naturally explained
as that occurring due to the deformation-induced
non-equilibrium state of grain boundaries, in which
case mechanically generated grain boundary de-
fects strongly enhance the boundary diffusivity.

We suppose for the first time that the HSRS
phenomenon can be explained by the existence of
the equilibrium GB liquid-like layer close to the bulk
solidus.

The reordering of mechanically disordered Ni
3
Al-

based alloys was experimentally studied by means
of differential scanning calorimetry and magnetiza-
tion measurements. The apparent activation
energies are very close to the the activation energies
for ordering and vacancy migration in these alloys.
Reordering occurs through the formation and
coarsening of ordered domains. However, in order
to correctly reproduce both calorimetric and mag-
netic results obtained upon isothermal annealing,
an increasing value for the apparent activation energy
of the process is needed. This variation of the ap-
parent activation energy with the temperature and
the degree of transformation cannot be attributed to
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ordering. It seems the increase in activation energy
with increasing annealing temperature can be ex-
plained in the frame of a model of vacancy annealing
in presence of impurities.
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