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Abstract
Structure and phase composition of ﬁve binary Al–Zn and Al–Mg alloys were studied before and after high pressure torsion
(HPT) with a shear strain 300. The grain size of (Al) solid solution and crystals of reinforcing second phases decreases drastically
after HPT reaching nanometer range. As a result of HPT, the Zn-rich (Al) supersaturated solid solution decomposes completely and
reaches the equilibrium state corresponding to room temperature. The decomposition is less pronounced for Al–Mg alloys. We
conclude that the severe plastic deformation of supersaturated solid solutions can be considered as a balance between deformationinduced disordering and deformation-accelerated diﬀusion towards the equilibrium state.
Ó 2004 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
One of the important ways to improve the mechanical
properties is to produce materials with a very small grain
size. In such materials a signiﬁcant fraction of the atoms
are located at the grain boundaries [1]. Among the techniques capable to produce such nanostructured materials,
a certain number (e.g. inert gas condensation, ball-milling) result in the production of powders which must be
subsequently consolidated. In contrast, methods based on
severe plastic deformation (SPD) can produce nanomaterials which are large in size and have full density. In
contrast to the conventional processes of high deformation like rolling or wire drawing, which strongly change
the geometry of the sample, SPD techniques namely,
equal channel angular pressing (ECAP) and high pressure
torsion (HPT), do not involve changes in the material
*

Corresponding author. Fax: +49-71-16-89-3412.
E-mail address: baretzky@mf.mpg.de (B. Baretzky).

geometry, but they lead to strong grain reﬁnement [2,3].
The possibility of producing bulk metals with a grain size
in submicrometer and nanometer ranges using these
methods have been demonstrated up to date for many
metallic materials [4]. It has been also shown that SPD of
pure metals and multiphase alloys allows obtaining materials with ultraﬁne grains or a phase composition that is
impossible to be produced by conventional thermal
treatment. One can mention for example the formation of
supersaturated solid solutions in immiscible Al–Fe alloys
and pearlitic steel [5–8], disordering or even amorphization of intermetallics during the SPD [9–11]. However,
one important and still not clariﬁed issue is the role of the
diﬀusion-controlled processes during SPD. In the conventional thermo-mechanical treatment a clear diﬀerence
exists between cold work and deformation at elevated
temperature. At high temperatures the diﬀusion ﬂuxes are
high and ensure the recovery processes which proceed
simultaneously with deformation at a comparable rate.
During conventional cold work the diﬀusion can be
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neglected and the resulting microstructure and properties
of a material are completely controlled by the deformation. Heavy plastic deformation produces many lattice
defects, and one can suppose that the vacancy and/or interstitial production during the SPD are high enough to
allow diﬀusion-controlled recovery. Such recovery proceeds simultaneously with the deformation even at low
temperature. It is well known, that vacancies produced
during irradiation can induce the diﬀusion ﬂuxes and allow to reach the thermodynamically equilibrium phase
structure at low temperatures (e.g. by decomposition of
solid solution or formation of low-temperature phases)
[12]. Therefore, one can assume that under some conditions SPD can simultaneously lead to the reﬁnement of
the grain structure (the path leading away from the
equilibrium) and to release the kinetically suppressed
processes of formation of phases which are in equilibrium
at temperature and pressure of the SPD treatment (the
path leading towards the equilibrium).
In order to clarify this issue we have chosen two binary Al-based systems, namely Al–Mg and Al–Zn. First
of all, these systems are the base for numerous industrial
alloys. The diﬀusivity of Zn in the Al matrix is much
higher than that of Mg [13–15]. The addition of Zn
decreases and that of Mg increases the lattice spacing of
Al [16–18]. In Al–Zn alloys the matrix is strengthened by
metallic Zn precipitates [19]. In Al–Mg alloys the precipitates are the intermetallic compounds [19,20]. Data
on the inﬂuence of pressure and irradiation for these
systems may be found elsewhere [21–24]. The processes
during HPT can be substantially inﬂuenced by the formation of layers of grain boundaries (GB) phases which
are stable in GBs and unstable in the bulk [25–27]. Such
phases form as a result of wetting, premelting and
prewetting GB phase transitions [25–30]. GB phases can
strongly aﬀect the GB energy [31], GB segregation
[25,31,32], diﬀusion [28,29,33–36], mechanical [25,32]
and electrical [37] properties of polycrystals. The GB
wetting phase transitions were recently observed in
Al–Mg and Al–Zn systems [38,39]. If the tie-lines of GB
wetting phase transitions exist in the two-phase solid + liquid region of the bulk phase diagram, these tielines have to continue into the one-phase solid solution
region of the bulk Al–Mg and Al–Zn alloys as GB solidus lines. The hypothesis was proposed that the high
strain rate superplasticity observed in ternary Al–Mg–
Zn alloys [40,41] proceeds between the GB and bulk
solidus lines and is driven by the formation of speciﬁc
GB phases in these alloys [38,39,42].

2. Experimental
Five binary Al-based alloys (with 10, 20 and 30 wt%
Zn, with 5 and 10 wt% Mg) were prepared by vacuum
induction melting and casting into 9 mm diameter rods.

They were made of high purity components (5N5 Al, 5N
Zn of and 4N5 Mg). As-cast disks of these alloys with
thickness of 0.3 mm and with a coarse-grained (CG)
structure were prepared from the rods by grinding,
spark erosion, sawing and chemical etching in 47%
HCl + 50% HNO3 + 3% H2 O solution. The as-cast alloys
were subjected to SPD by torsion at room temperature
under the pressure of 5 GPa in a Bridgman anvil type
unit (5 torsions, duration of process about 300 s) [4]. The
sample was placed between an upper immobile and
lower rotatable Bridgman anvil. Due to the high thermoconductivity of anvils and good thermal contact the
temperature of the sample during HPT remains below
50 °C. Torsion straining of a disc sample of diameter 2R
and thickness h produces a shear strain c which varies
from zero on the sample axis to a maximum value cmax
on the lateral surface (situated at a distance R from the
axis):
cmax ¼ 2pnr=h;

ð1Þ

n being the number of rotations of the mobile anvil, r
being the distance from the sample centre. For comparison of shear deformation with tensile strain, the
equivalent strain value eeq can be used [43,44]:
pﬃﬃﬃ
pﬃﬃﬃ
ð2Þ
eeq ¼ c= 3 ¼ 2pnR=h 3:
All samples for the investigations were cut from the
deformed disks at a distance of 5 mm from the sample
centre. For this distance the shear strain c is 520 and the
equivalent strain value eeq is 300. This strain value has
been typically used for the production of nanomaterials
in earlier studies [2–4,11,43–45].
Transmission electron microscopy (TEM) investigations have been carried out on a JEM-4000FX microscope at an accelerating voltage of 400 kV. The
microscope is equipped with a Gresham energy dispersive X-ray (EDX) microanalysis system with a highpurity Ge detector. It was used for the local analysis of
the alloying element concentration. Samples for the
TEM investigations were prepared by the jet electropolishing technique in a 75% methanol + 25% nitric acid
solution at a temperature )30 °C. The phase constitution of the alloys was analysed by selected area electron
diﬀraction. Dislocation density in TEM investigations
was measured using a conventional technique by
counting the number of dislocation intersections with a
line of a deﬁnite length. X-ray diﬀraction (XRD) data
were obtained on a SIEMENS-500 diﬀractometer with a
graphite monochromator and line position sensitive gas
ﬂow detector. Cu Ka1 radiation was used. To obtain the
lattice parameters of the studied alloys reﬂections in a
high-angle interval (2h > 100°) were taken into account.
The precise centroid position of the proﬁle was determined by an approximation procedure with a Lorentz
function. Lattice parameters were determined by
the Nelson–Riley extrapolation technique [46,47]; the
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3. Results
Fig. 1 represents the microstructure of the CG Al–30
wt% Zn alloy (state before HPT deformation). The alloy
contains isolated grains of (Zn) solid solution among the
grains of (Al) solid solution. Both (Al) and (Zn) grains
are almost dislocation-free with a dislocation density
about 1010 m2 . The dislocations are distributed uniformly. The mean grain size in all studied Al–Zn alloys
is about 500 lm for (Al) and 3–5 lm for (Zn). The XRD
data have also revealed the presence of (Al) and (Zn)
phases. The microstructures of the Al–10 wt% Zn and
Al–20 wt% Zn alloys are similar to that of the Al–30
wt% Zn alloy but contains lower amount of (Zn) phase.
The grains of (Al) phase are large enough to measure the
Zn concentration by EDX. Zn concentration was also
estimated based on the values of lattice spacing measured by XRD and on the published data of lattice
spacing in Al–Zn solid solutions [16]. Respective values
are shown in Fig. 2. They are nearly equal to the solidus
concentrations at temperatures of 340, 460 and 480 K,
correspondingly. It means that in CG alloys the (Al)
solid solution is supersaturated at room temperature
(i.e. temperature of the following HPT deformation).

Fig. 1. Microstructure of the CG Al–30 wt% Zn alloy (state before
HPT deformation). Bright ﬁeld TEM micrograph showing a (Zn) grain
(B) at the GB between two (Al) grains (A and C) with respective
electron diﬀraction patterns.

20
Zn concentration in (Al), wt.%

relative error was about 0.01%. The XRD proﬁle
treatment known as improved Williamson–Hall procedure [4,49] was applied to obtain values of the
mean grain size in the Al–Mg alloys after the HPT
deformation.
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Fig. 2. Concentration of Zn in (Al) solid solutions in various Al–Zn
alloys before and after HPT.

Fig. 3 represents the microstructure of the CG Al–10
wt% Mg alloy (state before HPT deformation). The alloy contains grains of (Al) solid solution with a mean
size of 500 lm. The dislocation density in (Al) is about
1012 m2 and is, therefore, higher than that of Al–Zn
alloys. The dislocations are distributed non-uniformly
and subgrain boundaries are visible (points A, B, C
in Fig. 3(a)). Microdiﬀraction reveals the presence of
b-phase Al3 Mg2 . The ﬁne Al3 Mg2 particles have size
about 10 nm (dark ﬁeld image in Fig. 2(b)). They form
ﬁne-crystalline colonies with a mean size of about 2–3
lm. The microdiﬀraction pattern obtained from such a
colony contains both Al and Al3 Mg2 reﬂections
(Fig. 3(b)). Absence of characteristic rings demonstrates
that the Al3 Mg2 particles are specially oriented and are
probably coherent with the (Al) matrix. Microstructure
of the Al–5 wt% Mg alloy is similar to that of the Al–10
wt% Mg alloy, containing lower amount of b-phase. The
data of XRD do not reveal the presence of Al3 Mg2
phase, which means that its fraction is less than 1 vol%.
Mean Mg concentrations in (Al) for Al–5 wt% Mg and
Al–10 wt% Mg CG alloys measured by XRD using the
reference data for Al–Mg solid solutions [50,51] are 2.8
and 3.9 wt% Mg correspondingly. The EDX measurements yield 3.0 and 4.9 wt% Mg. The obtained Mg
concentrations are equal to the solidus concentrations in
alloys at temperatures of 450 and 570 K, correspondingly. Therefore, in CG alloys the (Al) solid solution at
room temperature (temperature of the following HPT
deformation) is in the supersaturated state.
Specimens of all studied Al–Zn alloys after HPT have
two phases, and two kinds of grains are observed in the
structure (Fig. 4). These are (Al) grains with a size of
800 nm (instead of 500 lm before HPT) and grains of
(Zn) which size is about 200 nm (instead of 3–5 lm
before HPT). The dislocation density for these alloys is
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Fig. 3. Microstructure of the CG Al–10 wt% Mg alloy (state before HPT deformation). (a) bright ﬁeld micrograph (A, B and C – subgrain
boundaries). (b) Dark ﬁeld image of a colony of b-phase particles. The microdiﬀraction pattern with reﬂections for the b-phase and (Al) is shown in
the insert. (Al) reﬂections are indicated by arrows.

Fig. 4. Microstructure of the Al–20 wt% Zn alloy after HPT deformation. Bright ﬁeld TEM micrograph showing (Al) and (Zn) grains
with extinction contours in points a, b and c. Electron diﬀraction
patterns for (Al) and (Zn) grains are also shown in points A and B
correspondingly.
12

Grain size, m

on Zn concentration in solid solution are presented in
Fig. 2. The Zn content in (Al) decreased after HPT and
almost corresponds to the equilibrium solubility at room
temperature. Fig. 5 displays the data on grain size of
(Al) solid solution and second phases, (Zn) and Al3 Mg2 ,
before and after HPT deformation.
Fig. 6 represents the structure of the Al–5 wt% Mg
alloy after the HPT deformation. Grains with a size of
about 150 nm (instead of 500 lm before HPT) are detected in the structure (Fig. 6(a) and (c)). Dislocation
density is very high (>1014 m2 which is the limit for the
determination by conventional TEM). It is considerably
higher as compared to Al–Zn alloys. Dislocations are
observed to be mainly arranged in subgrain boundaries
(Fig. 6(a), points A and B). Selected area diﬀraction
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rather low and is about 10 m . It is only slightly
higher than in the CG alloys. The grains are practically
equiaxial with distinct extinction contours (points a, b
and c in Fig. 4(a)). The microstructure of all studied
Al–Zn alloys after HPT is similar. XRD and EDX data
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Fig. 5. Grain size of (Al) solid solution and second phases (Zn) and
Al3 Mg2 before and after HPT.
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Fig. 6. Microstructure of the Al–5 wt% Mg alloy after HPT deformation. (a) Bright ﬁeld (BF) micrograph. A – Dislocations. B – subgrain
boundaries. (b) SAED with reﬂexes of Al (solid lines) and b-phase (dotted lines). The positions of rings are also shown for b-phase (left) and (Al)
(right). b-phase reﬂections (771), (17 5 3); (11 1 1), (14 12 4); (880), (14 14 0); (882), (21 3 1); (11 3 3), (16 16 0); (11 5 1), (23 3 1); (12 4 2), (17 17 1); (10
6 6), (20 14 4); (13 3 1), (26 6 6); (10 10 0), (23 15 1); (11 9 3), (24 16 2); (15 1 1), (29 1 1); Al reﬂections (1 1 1), (2 0 0), (2 2 0), (3 1 1), (2 2 2), (4 0 0),
(3 3 1), (4 2 0), (4 2 2), (5 1 1), (5 3 1).

DK ¼ c=D þ aðKC 1=2 Þ þ OðK 2 CÞ;

ð3Þ

where K is the length of the diﬀraction vector, h is the
diﬀraction angle, k is X-ray wave length, D is a size
parameter, c equals to 0.9, a is a constant depending on
the eﬀective outer cut-oﬀ radius, the Burgers vector and
the density of dislocations, C is the contrast factor of
dislocations, ‘O’ stands for higher order terms in KC 1=2 .
The slope of DK vs. KC 1=2 plot yields the dislocation
density. According to Eq. (3) the size parameter is obtained by extrapolation to DK ¼ 0.
We investigated the angular dependence of the
FWHM in Al–Mg alloys. In Fig. 7 the modiﬁed
Al - 5% Mg
Al - 10% Mg

0.08
0.07
0.06
∆K

(SAED) patterns revealed the presence of the b-phase
(Al3 Mg2 ) particles (Fig. 6(b)). They are uniformly distributed in the material. The particles of the b-phase are
extremely dispersed. Therefore, they cannot be distinguished in the conventional TEM micrographs and they
were detected by the additional spots in the electron
diﬀraction pattern (Fig. 6(b)). X-ray analysis did not
detect the b-phase in the alloy. It implies that its volume
fraction is not higher than 1%. The grain size of b-phase
can be estimated as <10 nm. The alloy with 10% of Mg
has similar structure with a smaller (Al) grain size of
about 90 nm. It was impossible to measure the Mg
concentration in (Al) by EDX since b-particles are very
ﬁne, randomly distributed and cannot be excluded from
the analysing ﬁeld. XRD data yield values 2.1 wt% Mg
and 4.1 wt% Mg for Al–5 wt% Mg and Al–10 wt% Mg
alloys, respectively.
It is known that both small grain size (less than
500 nm) and internal stress contribute to X-ray line
broadening. The method to separate these contributions
is known as Williamson–Hall procedure [52]. The procedure was modiﬁed by Ungar et al. [53,54]. Assuming
that the stress broadening is caused by dislocations, the
full width at half maximum (FWHM) Dð2hÞ of the line
proﬁle can be determined from the equation for
DK ¼ cos h½Dð2hÞ=k:
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Fig. 7. Modiﬁed Williamson–Hall plots for Al–Mg alloys.
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Williamson–Hall plot is presented. The dislocation
contrast factor C was calculated after [55]. The FWHM
of the proﬁles was determined taking into account the
instrumental broadening. For Al–Mg alloys the size of
the crystallites is 39 nm and 41 nm and the dislocation
density q ¼ 6:2  1015 and 1:3  1016 m2 for the alloys
with 5% and 10% Mg, correspondingly. From this plot
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one can see that increased Mg concentration leads also
to a higher dislocation density and work hardening. The
values of grain size obtained from TEM studies and
from XRD analysis are slightly diﬀerent. It can be explained by the presence of subboundaries in the alloy
structure. X-ray data yield most probably the size of the
subgrains or dislocation cells [48].
For two investigated systems the dependence of the
lattice parameter vs. the alloying element concentration was obtained for both CG and HPT-deformed
specimens (Fig. 8). It can be seen from Fig. 8(a) for
Al–Zn alloys that the lattice parameter a increases
after HPT deformation, therefore, recovering to the
values close to that of pure Al. It means that the
phase state of the material after HPT deformation is
closer to the equilibrium than that for CG material.
Fig. 8(c) demonstrates that the lattice parameter a in
the Al–30 wt% Zn alloy increases very fast during
HPT. The value of a already reaches its ﬁnal value y
after one torsion (Fig. 8(c)). In Al–Mg alloys the lattice parameter decreases after HPT deformation.
However, in Al–Mg alloys such recovery is much less
pronounced.

0,4048

0,4046

0,4044

0
(c)
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Number of torsions

Fig. 8. Dependence of the lattice parameter vs. the alloying element
concentration in (a) Al–Zn and (b) Al–Mg alloys. (c) Dependence of
the lattice parameter vs. the deformation degree in the Al–30 wt% Zn
alloy.

According to the equilibrium phase diagrams the Al–
10 wt% Zn, Al–20 wt% Zn and Al–30 wt% Zn alloys
have to contain at atmospheric pressure and room
temperature the (Al) solid solution with Zn content less
than 0.5 wt% and (Zn) solid solution with Al content
less than 0.1 wt% [19]. In the Al–5 wt% Mg and Al–10
wt% Mg alloys (Al) solid solution with Mg content less
than 1 wt% and b-phase Al3 Mg2 has to be present [19].
Only the volume ratio of these phases is diﬀerent at
diﬀerent Zn and Mg content. In CG samples the same
phases are present, but the (Al) solid solution is in all
cases supersaturated at room temperature. HPT deformation at room temperature decreases the grain size of
(Al), (Zn) and b-phase (Fig. 2). It means that HPT leads
from more equilibrium grain structure to less equilibrium one. On the other hand, the supersaturated (Al)
solid solution decomposes in all studied samples. It
means that HPT results in more equilibrium phase
structure. From this point of view HPT cannot be
considered as cold work, since the phase equilibration
proceeds even at room temperature, similar to warm
deformation at moderate strains. There is a distinct
diﬀerence between the behaviour of Zn and Mg during
the decomposition of supersaturated solid solution in
the same HPT conditions. The Al–Zn solid solutions
almost completely decompose and reach the equilibrium
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concentration at room temperature. The decomposition
of Al–Mg solid solutions proceeds only partly.
4.2. Bulk diﬀusion as a possible mechanism of recovery
during HPT
The supersaturation is the driving force for the bulk
diﬀusion of Zn and Mg from the solid solution to the
sinks which are the particles of (Zn) and b-phase, respectively. The diﬀusion paths for individual Zn and Mg
atoms would be about 800 and 100 nm, respectively. It
corresponds to the bulk diﬀusion coeﬃcients of 1015
m2 s1 for Zn and 1017 m2 s1 for Mg. There are two
groups of tracer diﬀusion data for bulk diﬀusion of Zn
in Al: measured in polycrystals (D0 ¼ 0:30  104
m2 s1 , Q ¼ 121:4 kJ mol1 , obtained within the range
700–920 K, 65 Zn, [14]) and single crystals
(D0 ¼ 0:259  104 m2 s1 , Q ¼ 120:8 kJ mol1 , 630–926
K, 65 Zn [13]). After the extrapolation to 300 K the both
data yield very close values of Dð300KÞ ¼ 0:95  1023
m2 s1 and Dð300KÞ ¼ 1:0  1023 m2 s1 . This is about
8 orders of magnitude less than the value estimated from
the diﬀusion path of the actual solid-solution decomposition during HPT. Extrapolation of the data for Mg
bulk diﬀusion in Al single crystals (D0 ¼ 1:24  104
m2 s1 , Q ¼ 130:4 kJ mol1 , 667–928 K, 28 Mg [15]) gives
Dð300KÞ ¼ 1:7  1024 m2 s1 . It means that though Mg
diﬀuses slower than Zn, the diﬀerence of about 8 orders
of magnitude remains unexplained. The question arises:
can HPT produce additional vacancies for acceleration
of bulk diﬀusion, similar to those produced by the irradiation of materials?
Early estimations of the vacancy production during
cold work were made based on the data for residual
resistivity measurements [56]. In metals the residual resistivity attributed to point defects increases with the
strain e according to the laws which vary somewhat with
the type of the stress-strain curve. From the residual
resistivity per Frenkel pair, deduced from irradiation
experiments, it was concluded that atomic concentrations of 105 to 104 are reached for strains e  1
[57,58]. Therefore, even a strain of e  1 produces the
vacancy concentration comparable to the equilibrium
value at the melting point (about 104 [56]). The recombination of the dislocations other than screws
placed in neighboring parallel planes has been considered as a most possible mechanism for the vacancy
production [56]. Deformation dependence of the atomic
concentration c of point defects may be written as:
dc=de ¼ r=3l;

ð4Þ

(l being the shear modulus, r being the stress value).
This law is relatively well followed in face centred cubic
metals [59–61]. Within the linear deformation stage it
predicts a parabolic increase of c. From dr=de  l=200
it follows c  104 e2 . This estimation agrees well with
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measurements on copper giving c  105 to 104 for
strains e  1 [57,58]. Formal application of this relation
for our case e  400 results in enormous total vacancy
production during the deformation process (total concentration of 2) which is for sure enough for every
equilibration. However, it is unclear, whether the dislocation mechanism for the vacancy production, proposed for low deformations, remains valid for SPD.
Therefore, we have to consider the alternative mechanism of GB diﬀusion.
4.3. Grain boundary diﬀusion as a possible mechanism of
recovery during HPT
In Al–Zn alloys the supersaturated solid solution
with concentration of 12 wt% completely decomposes
after 300 s. The mean distance between Zn particles in
the nanostructured Al–30 wt% Zn alloy is about 2 lm. It
means that each particle collected the Zn atoms from the
surrounding area with a radius (diﬀusion path) of about
2 lm. This area includes several (Al) grains and many
(Al) GBs. If this process would be controlled by bulk
diﬀusion, D could be estimated as D ¼ (1012 m2 /
300 s) ¼ 3  1015 m2 s1 which is at least 8 orders of
magnitude higher than D for conventional bulk diﬀusion
at 300 K. The transport of Zn from the (Al) matrix can
be controlled by grain boundary diﬀusion of Zn atoms
along (Al) GBs. Let us suppose that the moving GBs
during HPT swept at least once each Zn atom in the
bulk, and then bulk diﬀusion towards GB has not to be
considered. In this case the path for GB diﬀusion would
be roughly 1 lm yielding sDd value of 1.5  1024 m3 s1
for a GB thickness of d ¼ 0:5 nm and a segregation
factor s ¼ 1.
In [60] the data were obtained for 65 Zn tracer GB
diﬀusion in the 99.99% purity Al polycrystal within the
temperature interval 428–593 K. Three groups of GBs
were deﬁned, namely (I) high-angle GBs with high activation energy Q of GB diﬀusion (sD0 d ¼ 1  109
m3 s1 , Q ¼ 118 kJ mol1 ), (II) high-angle GBs with low
activation energy (sD0 d ¼ 1:6  1011 m3 s1 , Q ¼ 90
kJ mol1 ) and (III) low-angle GBs between subgrains
(sD0 d ¼ 6  1014 m3 s1 , Q ¼ 60 kJ mol1 ). Extrapolation of these data to 300 K yield, respectively, (I)
sDd ¼ 3  1024 m3 s1 , (II) sDd ¼ 2  1026 m3 s1 , and
(III) sDd ¼ 2  1029 m3 s1 . The ﬁrst value is surprisingly close to the estimation for the diﬀusion path needed to the equilibration of the Al–Zn supersaturated
solid solution during the HPT treatment. A similar value
of sDd ¼ 1023 m3 s1 obtains also from [62–64].
In [65] the parameters of Zn GB diﬀusion were
measured by electron probe microanalysis in Al bicrystals with individual tilt and twist GBs with various
misorientation angles within the interval 523–613 K.
The pre-exponentials sD0 d and activation energies Q for
tilt GBs lie within the intervals 2  1016 –1012 m3 s1
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and 40–80 kJ mol1 , respectively [65]. The pre-exponentials and activation energies for twist GBs are within
the intervals 1015 –109 m3 s1 and 50–130 kJ mol1 ,
respectively [66]. The extrapolation to 300 K yields sDd
values for tilt GBs between 1024 and 1022 m3 s1 .
Therefore, all tilt GB studied in [65] and some twist GBs
form a family of ‘‘high-diﬀusivity’’ GBs which can build
channels for the diﬀusion which is fast enough to
equilibrate the Al–Zn solid solutions during HPT.
In [67] the parameters of Zn GB diﬀusion were determined in an Al–30 wt% Zn alloy using the discontinuous
precipitation reaction controlled by GB diﬀusion. The
advantage of these measurements is that they were performed at rather low temperatures of 350–500 K. Extrapolation to 300 K yields a sDd value of 4  1023
m3 s1 . Therefore, the GBs in Al provide the diﬀusion
paths for Zn which can be responsible for the decomposition of supersaturated solid solution during HPT. The
65
Zn tracer measurements obtained in the temperature
interval 493–673 K demonstrate that the increase of the
Zn content can further enhance the GB diﬀusivity in Al–
Zn alloys [68–70]. The extrapolation to 300 K yields sDd
values of 3  1022 m3 s1 (2 wt% Zn), 1021 m3 s1 (4.33
wt% Zn) and 1020 m3 s1 (8–10 at.% Zn).
Data on Mg GB diﬀusion in Al are not so numerous,
maybe due to the lower values of sDd. Values of
sD0 d ¼ 7  1014 m3 s1 and Q ¼ 87 kJ mol1 were obtained in [71,72]. The extrapolation to 300 K yields sDd
value of 5  1028 m3 s1 . It is about 5 orders of magnitude lower than the typical values for the Zn GB diffusivity. Direct comparison of Zn and Mg diﬀusion
allow the data on chemical diﬀusion in Al–0.1 wt% Sc
alloys [73]. Though the sDd values were extracted from
the comparison of integral measurements on coarse- and
nanograined polycrystals obtained by ECAP (as well as
in [71,72]), the data demonstrate undoubtedly a lower
GB diﬀusivity of Mg in comparison with Zn. This fact
can explain the slower decomposition of supersaturated
solid solution in Al–Mg alloys studied in present work in
comparison with Al–Zn alloys deformed in the same
HPT conditions. Nevertheless, both Zn and Mg GB
diﬀusivities extrapolated towards 300 K are much higher
than the sDd value for the Al GB self-diﬀusion (1031
m3 s1 [64]). Based on (unfortunately rather scarce) data
on GB diﬀusion in Al, one can expect that Al–Ga supersaturated solid solutions would also decompose
very quickly (sDd value extrapolated to 300 K is about
1021 m3 s1 [74]).
If GB diﬀusion is so eﬀective, why the supersaturated
solid solution does not decompose without any HPT?
The reason is in the low bulk diﬀusivity. The solute atoms are frozen in the bulk and cannot reach the GBs.
During HPT GBs move, sweeping in such a way the
‘‘frozen’’ solute atoms. This mechanism is to a certain
extent opposite to the well-known diﬀusion induced
grain boundary migration (DIGM).

4.4. Inﬂuence of the high pressure and GB phase
transitions
Pressure applied during the HPT was 5 GPa. It is
suﬃcient to change the phase diagram and the diﬀusivity. As a result the system could evolve to the state which
is in equilibrium at high pressures and diﬀers from that
at the atmospheric one. This may be analysed as follows:
the solubility of Zn in (Al) decreases with increasing
pressure, and no new phases appear at room temperature [21,22]. The same holds also for the Al–Mg system
[23]. High pressure drastically decreases the bulk diﬀusivity. Minamino measured the Mg diﬀusivity in Al–Mg
alloys at 3.3 GPa by studying the chemical diﬀusion in
polycrystals (D0 ¼ 3  105 m2 s1 , Q ¼ 151 kJ mol1 ,
667–928 K [75]). The extrapolation of these data to
300 K and 0% Mg yields Dð300K; 3:3 GPaÞ ¼ 1027
m2 s1 . It is about 3 orders of magnitude lower than at
atmospheric pressure (see Section 4.2). Extrapolation to
5 GPa yields D(300 K, 5 GPa) ¼ 1028 –1029 m2 s1 . The
data for Zn GB diﬀusion under high pressures in Al
polycrystals [76] were obtained in conditions similar to
[63]. They demonstrate that by extrapolation to 5 GPa
the GB diﬀusivity decreases by 3.5–4.7 orders of magnitude depending on the GB class. By using the estimation made above, one obtains (I) sDd ¼ 1027 m3 s1
and (II) sDd ¼ 1030 m3 s1 . These values are again
lower than the estimated sDd value of 1.5  1024 m3 s1
needed for the equilibration of supersaturated solid
solution by GB diﬀusion. It seems that the hypothesis
of the additional vacancies produced during SPD
(Section 4.2) is realistic and can explain the apparent
discrepancy.
It has been shown that some GB phase transitions
(prewetting, premelting) can lead to the formation of
thin equilibrium layers of GB phases which are stable in
the GB and unstable in the bulk [25–27]. If the grain size
in matrix A decreases, the formation of GB layers
consumes more and more atoms of the (second) component B. Simple geometrical considerations demonstrate that if such a layer has two monolayers of B like in
the Cu–Bi system [25,31,32] it consumes about 6, 15 and
20 vol% B for a grain size d ¼ 50, 20 and 10 nm, respectively. On the other hand, thin layers of GB phases
do not inﬂuence signiﬁcantly the XRD spectra; it is
complicated to observe them in conventional TEM and
even by HREM. In [8] about 2.4 vol% cementite disappeared traceless from XRD spectra and TEM micrographs by decreasing grain size to d between 50 and
20 nm. This can be explained by the formation of thin
layer of a GB phase [30]. GB layers can also lead to the
enhanced GB diﬀusivity sDd. Presence of a GB layer
increases simultaneously s, D and d values. The fact can
be illustrated by the data on GB diﬀusivity in Fe–Si–Zn
and Cu–Bi systems [28–30,33–35]. Some indications of
GB phase transitions exist for Al-based systems with

B.B. Straumal et al. / Acta Materialia 52 (2004) 4469–4478

high GB diﬀusivity like Al–Zn or Al–Ga. The data of
the present work also demonstrate the diﬀerence in equlibration kinetics between Al–Zn and Al–Mg systems.
Therefore, the search for the GB layers in the Al-based
systems would be desirable.
5. Conclusions
1. SPD by HPT of binary Al–Zn and Al–Mg alloys decreases drastically the size of (Al) and (Zn) grains (below 100 nm) and particles of reinforcing b-phase
(below 10 nm). Therefore, HPT with a shear strain
of 300 leads to the formation of nanostructures which
are further from the equilibrium state than the initial
coarse grained material.
2. At the same time, during HPT the Zn-rich supersaturated solid solution (Al) decomposes completely
and reaches the equilibrium corresponding to the
room temperature. This process is less pronounced
for Mg-rich (Al). Therefore, HPT results in the
formation of a phase structure which is closer to
the equilibrium state than the initial coarse grained
material.
3. The most probable mechanism of the equilibration of
the (Al) supersaturated solid solution is the grain
boundary diﬀusion accelerated by ﬂuxes of vacancies
produced due to SPD and by the sweeping of Mg and
Zn atoms from the bulk by moving GBs.
4. Therefore, the SPD of supersaturated solid solutions
can be considered as a balance between deformationinduced disordering and deformation-accelerated diffusion towards the equilibrium state.
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