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Abstract The homogeneous coarse-grained (CG) Cu–Ni
alloys with nickel concentrations of 9, 26, 42, and 77 wt%
were produced from as-cast ingots by homogenization at
850 °C followed by quenching. The subsequent highpressure torsion (5 torsions at 5 GPa) leads to the grain
refinement (grain size about 100 nm) and to the decomposition of the supersaturated solid solution in the alloys
containing 42 and 77 wt% Ni. The lattice spacing of the
fine Cu-rich regions in the Cu–77 wt% Ni alloy was
measured by the X-ray diffraction (XRD). They contain
28 ± 5 wt% Ni. The amount of the fine Ni-rich ferromagnetic regions in the paramagnetic Cu–42 wt% Ni alloy
was estimated by comparing its magnetization with that of
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fully ferromagnetic Cu–77 wt% Ni alloy. According to the
lever rule, these Ni-rich ferromagnetic regions contain
about 88 wt% Ni. It means that the high-pressure torsion of
the supersaturated Cu–Ni solid solutions produces phases
which correspond to the equilibrium solubility limit at
200 ± 40 °C (Cu–77 wt% Ni alloy) and 270 ± 20 °C
(Cu–42 wt% Ni alloy). To explain this phenomenon, the
concept of the effective temperature proposed by Martin
(Phys Rev B 30:1424, 1984) for the irradiation-driven
decomposition of supersaturated solid solutions was
employed. It follows from this concept that the deformation-driven decomposition of supersaturated Cu–Ni solid
solutions proceeds at the mean effective temperature
Teff = 235 ± 30 °C. The elevated effective temperature
for the high-pressure torsion-driven decomposition of a
supersaturated solid solution has been observed for the first
time. Previously, only the Teff equal to the room temperature was observed in the Al–Zn alloys.

Introduction
High external driving forces for atom movement can significantly change the conditions for the atomic diffusion
and phase equilibria in solids [1–5]. The term ‘‘driven
systems’’ is frequently used to describe the behavior of
materials under strong irradiation, severe plastic deformation, and collisions with projectiles etc. [6–14]. For
example, the formation of supersaturated solid solutions in
immiscible systems or, conversely, the dissolution of
nominally thermodynamically stable precipitates was often
observed in alloys under strong neutron irradiation [7, 8,
10, 13]. The interaction with intensive neutron fluxes is
typical for the structural materials used in the nuclear
reactors. The neutron–atom collisions during neutron
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Experimental
The samples of Cu–Ni alloys in the form of cylindrical
12 mm-diameter ingots (with nickel concentrations of 9,
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irradiation ensure the accelerated ‘‘ballistic’’ diffusion even
at the temperatures at which the atoms are kinetically
‘‘frozen’’ without irradiation [15]. To describe this phenomenon, the concept of effective temperature was introduced by Martin [6]. This concept works well for the
materials under neutron irradiation, where the ‘‘ballistic’’
(i.e. determined by atom displacements caused by neutron
impact) and intrinsic (i.e. mediated by point defects)
chemical interdiffusion coefficients have the same order of
magnitude [16–18].
In the recent years, the concept of driven systems has
been extended to cover the materials undergoing severe
plastic deformation (SPD) [7–14]. The examples of various
SPD processes include severe drawing of wires, multiple
forging or rolling with intermediate folding of sheets,
deformation of the upper layer of steel rails, high-pressure
torsion (HPT), equal channel angular pressing (ECAP), twist
extrusion, and high energy ball milling [19–22]. Most of
these SPD modes introduce severe multiple shear in the
material. In the spirit of Martin’s model, this shear induces
ballistic intermixing of the alloy components and competes
with point defects mediated diffusion, accelerated due to
increased defect generation during deformation. The outcome of this competition depends on dominating deformation mechanism and could be quite different in different
systems. In particular, it has been observed recently that
HPT causes dissolution or decomposition of the nonequilibrium phases (like supersaturated solid solution in the Al–
Zn alloys or retained austenite and Hägg carbide in the Fe–C
alloys), leaving the phases which are thermodynamically
stable at the global temperature and pressure of the process
(i.e. almost pure Al and Zn in the Al–Zn alloys [23, 24] or
ferrite and cementite in the Fe–C system [25, 26]). On the
other hand, HPT of NiTi, Nd–Fe–B or Nb–Zr–Y alloys leads
to the amorphization of the crystalline samples [27–30].
Therefore, the effective temperature in the driven systems
processed by SPD could be both equal or higher than the
global temperature of the treatment. Since both the ballistic
atomic movements induced by shear deformation and the
entropy-driven diffusion mediated by point defects strongly
depend on the material parameters (i.e. slip geometry,
stacking fault energy, vacancy formation energy, and elastic
moduli, etc.), no universal criterion capable of predicting the
effective temperature for particular material has been suggested so far. The goal of this work is to investigate the phase
stability of homogenized equilibrium and supersaturated
solid solutions in the Cu–Ni system after HPT.
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Fig. 1 Cu–Ni bulk phase diagram [31]. The compositions of studied
alloys are marked by thin vertical lines. Thom = 850 °C is the
homogenization temperature. Teff = 235 ± 20 °C is the effective
temperature. Open circle shows the composition of the Cu-rich
regions in the Cu–77 wt% Ni alloy (obtained by XRD measurements). Crosses show the ends of the tie-line for the Cu-rich regions
and Ni-rich matrix for the Cu–42 wt% Ni alloy (obtained by magnetic
measurements)

26, 42, and 77 wt%) were prepared from high-purity 5N8
Cu and 4N Ni by the vacuum induction melting. The ingots
were sealed into evacuated silica ampoules with a residual
pressure of approximately 4 9 10-4 Pa and homogenized
in the one-phase (Cu, Ni) area of the Cu–Ni phase diagram
[31] (Fig. 1) at 850 °C during 500 h. The 0.7-mm thick
disks of these alloys obtained after sawing, grinding, and
chemical etching were subjected to high-pressure torsion
(HPT) at room temperature under the pressure of 5 GPa in
a Bridgman anvil type unit (5 torsions, duration of process
about 300 s) [21]. For the metallographic analysis after
quenching, the homogenized specimens were embedded in
resin and then mechanically ground and polished, using
1 lm diamond paste in the last polishing step, and etched
for 5–10 s with a 5 wt% HNO3 solution in ethyl alcohol.
X-ray diffraction (XRD) data were obtained on a Siemens
diffractometer (Fe Ka radiation). The line profile fitting
procedure for the calculation of the lattice spacing was
executed by the approximation with the Voigt function in
the ORIGIN software package. Possible error due to the
sample misalignment was excluded by recording the
spectra of an Al powder reference sample. Lattice parameters were determined by the Nelson–Riley technique.
Transmission electron microscopy (TEM) investigations of
as-cast coarse-grained (CG) and fine-grained HPT-samples
have been carried out in a JEM–4000FX microscope at an
accelerating voltage of 400 kV. The magnetic properties
were measured on a superconducting quantum interference
device SQUID (Quantum Design MPMS-7 and MPMSXL). The magnetic field was applied parallel to the sample
plane (in-plane).

123

362

Results and discussion

J Mater Sci (2012) 47:360–367

(a)

Fig. 3 a XRD pattern of Cu–9 wt%Ni alloy in the CG homogenized
state and after HPT-treatment. Only solid-solution diffraction peaks
are visible. b XRD pattern of Cu–77 wt% Ni alloy in a CG state and
after HPT-treatment. The additional shoulder on the left side of the
main diffraction peaks of the supersaturated solid solution in the
HPT-processed alloy is visible (marked by arrows)

Fig. 2 TEM micrograph of the Cu–77 wt% Ni alloy after HPT
(bright field left, and dark field right). Diffraction pattern reveals only
a single phase

corresponds to Cu–28 ± 5 wt% Ni alloy. This means that
HPT indeed leads to the decomposition of the supersaturated (Cu, Ni) solid solution in the Cu–77 wt% Ni alloy.
The measurements of the magnetization curves for the
homogenized CG alloys show that the Cu–9 wt% Ni alloy
reveals the diamagnetic behavior (Fig. 5a), the diamagnetism in the Cu–26 wt% Ni is weaker than in the Cu–9 wt%
Ni alloy (Fig. 5c), the Cu–42 wt% Ni alloy becomes
paramagnetic (Fig. 5e), and the Cu–77 wt% Ni alloy is
purely ferromagnetic (Fig. 5g). This behavior is quite
classic and reflects the fact that the Cu–Ni alloys quenched
after homogenization contain the homogenous fcc solid
solution. The continuous increase of the content of
‘‘magnetic’’ Ni atoms consecutively switches the magnetic behavior from dia-, through para- to ferromagnetic.
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In Fig. 1, the Cu–Ni bulk phase diagram [31] is shown.
Thick solid lines denote bulk phase equilibrium. The
composition of studied alloys is marked by the thin vertical
lines. The light microscopy and TEM studies demonstrated
that all homogenized as-cast Cu–Ni alloys exhibit large
equiaxial grains and uniform grain size of about 100 lm.
They consisted solely of homogeneous supersaturated (Cu–
Ni) solid solution. The XRD does not reveal any decomposition of the solid solution. According to the Cu–Ni
phase diagram (Fig. 1), the solid solution is supersaturated
at room temperature in all alloys with the exception of
Cu–9 wt% Ni.
After deformation the grain size decreased drastically to
about 100 nm (see Fig. 2). The TEM diffraction pattern
revealed only a single phase—namely supersaturated solid
solution. Only in Cu–77 wt% Ni some indications of
decomposition can be observed by electron diffraction in
TEM. X-ray diffraction of Cu–9 wt% Ni, Cu–26 wt% Ni,
and Cu–42 wt% Ni alloys after HPT-treatment revealed
also only a single phase, namely the Cu–Ni solid solution
(see Fig. 3a). However, XRD pattern of Cu–77 wt%Ni
alloy after HPT-treatment exhibits clearly visible ‘‘shoulder’’ on the left side of main peaks (Fig. 3b). These
‘‘shoulders’’ indicate the onset of decomposition of the
supersaturated (Cu, Ni) solid solution into Cu-rich and Nirich phases, both having a face-centered cubic (fcc) lattice.
Figure 4 shows the dependence of the lattice parameter
a calculated from XRD data on the Ni content. The lattice
parameter a measured from the major peaks almost linearly
decreases with increasing Ni concentration and coincides
well with the data known from the literature (dashed lines
[32, 33]). The second point for the Cu–77 wt%Ni alloy
after HPT-treatment corresponds to the minor phase (Curich regions). The location of the secondary peak in Fig. 3b
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Fig. 4 Lattice spacing in the investigated Cu–Ni alloys. Squares
mark the data for the homogenized CG alloys before HPT. Circles
mark the data for the alloys after HPT. Dashed lines show the
reference data from [32, 33]

This behavior corresponds well to the known phase diagram (Fig. 1).
After HPT, the Cu–9 wt% Ni (Fig. 5b) and Cu–26 wt%
Ni (Fig. 5d) alloys remain diamagnetic with the same very
small amount of ferromagnetic impurities. No sign of the
new Ni-rich regions are visible. The Cu–77 wt% Ni alloy
remains purely ferromagnetic (Fig. 5h). There is no
observable difference between saturation magnetization of
this alloy before and after HPT (Figs. 5g, h, 6). It means
that the amount of the diamagnetic Cu-rich phase is very
small and the Cu–77 wt% Ni alloy did not fully decompose
according to the tie-line at 200 °C (Fig. 1). This fact corresponds well with low intensity of XRD peaks for the Curich precipitates (Fig. 3b) and with TEM observations. The
Cu–42 wt% Ni alloy remains paramagnetic; however, its
magnetization curve exhibits a certain amount of ferromagnetic phase (Fig. 5f). The ferromagnetic component
was extracted from dependences shown in Fig. 5 and the
saturation magnetization was calculated. Figure 6 shows
the dependence of this extracted saturation magnetization
on the Ni content. It can be seen that in the Cu–9 wt% Ni
(Fig. 5a, b) and Cu–26 wt% Ni (Fig. 5c, d) alloys, the
ferromagnetic component is almost the same and very
weak. It corresponds to a very low amount of ferromagnetic impurities. The magnetization of the Cu–77 wt% Ni
alloy also remains unchanged after HPT because both
alloys were ferromagnetic before and after HPT-treatment.
The Cu-enriched regions observed in the HPT-processed
Cu–77 wt% Ni alloy by XRD are diamagnetic (Fig. 5c, d).
However, the fraction of these diamagnetic regions in the
HPT-treated Cu–77 wt% Ni alloys is very small (Fig. 5b),
and their input into decrease of the saturation magnetization is negligible in comparison with high signal from the
major ferromagnetic phase (Fig. 5g, h).

The behavior of the Cu–42 wt% Ni alloy is more
interesting. In the homogenized and quenched Cu–42 wt%
Ni alloy (Fig. 5e), the ferromagnetic component was as
weak as in the Cu–9 wt% Ni (Fig. 5a) and Cu–26 wt% Ni
(Fig. 5c) alloys. However, HPT leads to certain decomposition of the supersaturated solid solution, and small
amount of the Ni-rich ferromagnetic phase can be detected
in the alloy. Generally, magnetic measurements allow
observing the amounts of ferromagnetic phase in the paraor diamagnetic matrix which are much lower than the
detection limit of XRD. Electron diffraction is even less
sensitive to the small amounts of a second phase. If we
suppose that the magnetization of the ferromagnetic
regions in the Cu–42 wt% Ni alloy is the same as that of
the fully ferromagnetic Cu–77 wt% Ni alloy (about 25
emu/g, see Fig. 6), we can estimate that the weight fraction
of these regions is about 0.06 wt%. Based on this data and
the lever rule one can construct the respective tie-line for
the Cu–42 wt% Ni alloy (shown by crosses in Fig. 1). The
position of this tie-line allows estimating the composition
of the Ni-rich regions as Cu–88 wt% Ni.
Assuming that the composition of the Cu- and Ni-enriched region formed during HPT processing from the
supersaturated Cu–Ni matrix corresponds to the solubility
limit at the effective temperature of the HPT-treatment,
Teff, yields 270 ± 20 and 200 ± 40 °C for the Cu–42 wt%
Ni and Cu–77 wt% Ni alloys, respectively (see Fig. 1).
Previously, we observed that the HPT of supersaturated
solid solution leads to its decomposition with the formation
of phases which are at equilibrium at room temperature
[23, 24, 34]. A possible explanation of these facts is offered
by the ‘‘effective temperature’’ concept firstly proposed by
Martin [6]. According to this model, the steady-state phase
composition of the binary alloy undergoing forced mixing
(due to irradiation or SPD) can be obtained from the corresponding equilibrium phase diagram, but at the ‘‘effective’’ temperature which is higher than global, physical
temperature (even though the forced mixing does not
increase the latter). The amplitude of the difference
between physical and ‘‘effective’’ temperature is determined by the parameters of forced mixing (i.e. by the
irradiation doze during irradiation treatment). If the
‘‘effective’’ temperature during our HPT-treatments was
around 235 °C, this would explain relative stability of Cu–
Ni alloys containing 9 and 26 wt% of Ni, since these
compositions are located in the single phase area of the
phase diagram at 235 °C (see Fig. 1).
Recently, it has been observed that nanostructured
materials can exhibit the enhanced equilibrium solute solubility [35, 36]. However, this effect is significant only for
the extremely fine-grained polycrystals (with a grain size
below 15–20 nm) and for the multilayer GB segregation.
Cu and Ni are fully miscible above 354.5 °C (Fig. 1). The
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Fig. 5 Magnetization curves
for a Cu–9 wt% Ni, c Cu–
26 wt% Ni, e Cu–42 wt% Ni,
and g Cu–77 wt% Ni as-cast
alloys and b Cu–9 wt% Ni,
d Cu–26 wt% Ni, f Cu–42 wt%
Ni, and h Cu–77 wt% Ni alloys
after HPT
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strong GB segregation is very unlikely in such systems and
it was never observed in the Cu–Ni alloys. In the case of
monolayer GB segregation, the 100% enrichment of a
0.5 nm thick GBs between 100 nm grains would shift the
solubility limit only for about 0.5%. This small effect
cannot explain the difference between the observed composition of phases after HPT and solubility of Cu in Ni or
Ni in Cu at the HPT temperature.
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Thus, we observed that Teff = 270 ± 20 and 200 ±
40 °C for the Cu–42 wt% Ni and Cu–77 wt% Ni alloys,
respectively. The elevated effective temperature for the
HPT-driven decomposition of a supersaturated solid solution
has been observed in this work for the first time. Previously,
only the Teff equal to the room temperature was observed in
the Al–Zn alloys [23, 24, 34]. It cannot be excluded that the
observed difference of the effective temperature in different
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Fig. 6 Dependence of the saturation magnetization of the ferromagnetic component (extracted from the magnetization curves in Fig. 5)
on the Ni content

Cu–Ni alloys is not an artifact due to the difference in
measurement methods (XRD and magnetic measurements),
and Teff indeed depends on alloy composition.
According to Martin’s theory of driven systems [6], the
effective temperature of the alloy under irradiation or
severe plastic shear can be written down in the following
form:
Teff ¼ T ð1 þ DÞ;

D¼

DB
D

ð1Þ

where T is the ‘‘physical’’ temperature of the alloy, D is
the chemical interdiffusion coefficient in the alloy at the
temperature T (possibly increased by the nonequilibrium
concentration of point defects), and DB is the ‘‘ballistic’’
interdiffusion coefficient describing forced mixing under
the action of external driving force [6]. Let us first estimate the value of D. Assuming that the average diffusion
length, L, in this case coincides with the average grain
size (100 nm), we can estimate the value of D which
ensures the decomposition of a supersaturated solid
solution employing an approximate relationship L &
(Dt)0.5 (t = 300 s being the HPT-treatment duration).
This yields D = 3 9 10-17 m2/s. It is also well possible
that the GB, rather than bulk interdiffusion is a process
controlling the decomposition or precipitation kinetics.
However, there are too many unknown variables (i.e. the
migration rate of GBs during HPT processing, average
size, and spacing of precipitates, etc.) which make difficult even a rough estimate of the GB diffusion coefficient
needed to ensure precipitation or decomposition at room
temperature.
In our opinion, it is unlikely that the bulk interdiffusion is
responsible for decomposition during the HPT processing.
Indeed, the range of bulk chemical interdiffusion coefficients
in the Cu–Ni alloys at room temperature can be estimated by

impurity diffusion coefficients of Ni in Cu, DNi
Cu and Cu in Ni,
Cu
DNi . Extrapolating the literature data to the room tempera-44
ture (27 °C) yields DNi
m2/s and DCu
Cu = 4.8 9 10
Ni =
-49
2
m /s [38]. These diffusivities can be signifi2.3 9 10
cantly increased by the nonequilibrium excess vacancies
produced during HPT. Assuming that the highest vacancy
concentration that a solid can sustain corresponds to the
equilibrium vacancy concentration at the melting temperature, and with literature values of vacancy formation
enthalpies of 1.28 and 1.88 eV for Cu and Ni, respectively
[39], we estimate the maximal room temperature diffusivi-27
-23
ties as DNi
m2/s and DCu
m2/s.
Cu = 3 9 10
Ni = 3 9 10
These values are still 6–10 orders of magnitude lower than
our estimate D = 3 9 10-17 m2/s. The external pressure
can additionally slow down the diffusion [40, 41]. At the
same time, extrapolating the diffusion coefficients along the
‘‘ultrafast’’ GBs measured recently in the pure Ni [42] and
Cu–Zr alloy [43] processed by equal channel angular
pressing (ECAP) yields the room temperature GB diffusivities in the range of 3 9 10-20 m2/s. This is closer to our
estimate of D = 3 9 10-17 m2/s, with the remaining difference of three orders of magnitude being possibly associated with the uncertainties in determining D, the differences
between the ECAP and HPT processes, and with the fact that
diffusion measurements in [42, 44] were performed after the
ECAP process, so that a significant part of nonequilibrium
defects had a time to annihilate. In conclusion, simple estimates presented above lend credibility to the hypothesis that
the GB, rather than bulk interdiffusion controls the decomposition process in the Cu–42 wt% Ni and Cu–77 wt% Ni
alloys.
Substituting in Eq. 1, our estimate D = 3 9 10-17 m2/s
yields DB = 2.4 9 10-17 m2/s for the ‘‘ballistic’’ interdiffusion coefficient. The physical mechanism of the
intermixing induced by plastic shear is a roughening of the
bi-material interface [44]. This roughening is kinematic in
nature (i.e. controlled mainly by slip geometry), and is a
weak function of the other material constants. This provides an explanation why in the Al–Zn alloys the effective
temperature of HPT was close to the room temperature.
Indeed, the chemical interdiffusion coefficient in Al–Zn is
many orders of magnitude higher than that in Cu–Ni at the
same temperature, due to the higher melting point of the
latter. For example, the impurity diffusion coefficient of Zn
in Al, extrapolated to the room temperature from the data
of high temperature measurements is 4.7 9 10-26 m2/s,
which is by 18 orders of magnitude larger than DNi
Cu [38].
Taking into account the nonequilibrium defects produced
during HPT decreases this enormous gap, but still
the difference of several orders of magnitude remains.
Assuming that DB in the Al–Zn system is comparable with
that for the Cu–Ni system, this means that D \\1 in
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Al–Zn and, according to Eq. 1, Teff & T, as observed in
the experiments [23, 24, 34].

Conclusions
From the results of the present study, the following conclusions can be drawn:
1.

2.

3.

4.

5.

Similar to many other alloys, the HPT of CG
homogeneous Cu–Ni alloys leads to the strong grain
refinement down to the average grain size of about
100 nm. This means that the deformation drives a
system from the more thermodynamically stable CG
state toward the less stable nano-grained one.
Similar to the case of Al–Zn alloys, the HPT of the
Cu–42 wt% Ni and Cu–77 wt% Ni supersaturated
solid solutions leads to its decomposition in Ni-rich
and Cu-rich phases, respectively. This means that
severe plastic deformation drives a system from the
less thermodynamically stable supersaturated state
toward the more stable two-phase state. Thus, the
SPD leads simultaneously to the formation of the
less stable grain structure and more stable phase
structure.
In the case of Al–Zn alloys [23, 24, 34], the phases
formed after HPT-treatment of the supersaturated
Al(Zn) solid solution exhibit the compositions corresponding to the room temperature equilibrium (almost
pure Zn and Al). In the case of Cu–Ni alloys, the
composition of the grains formed after the HPTtreatment corresponds to the solubility limit at elevated
temperatures (Teff = 200 ± 40 °C in the Cu–77 wt%
Ni alloy and Teff = 270 ± 20 °C in the Cu–42 wt% Ni
alloy).
The estimates of the diffusion rate needed for the
decomposition of supersaturated Cu–77 wt% Ni and
Cu–42 wt% Ni solid solutions demonstrate that it can
be ensured by the anomalously fast diffusion along the
nonequilibrium GBs formed during HPT.
The ‘‘ballistic’’ chemical interdiffusion coefficient in
the Cu–Ni system describing the forced mixing of the
components during HPT induced by high shear strain
has been estimated as DB = 2.4 9 10-17 m2/s. The
concept of effective temperature proposed by Martin
[6] was employed for describing the differences in
decomposition behavior of the Al–Zn and Cu–Ni
systems. The proximity of the effective temperature of
the Al–Zn alloys to the room temperature is explained
by the higher (if compared with Cu–Ni alloys) atomic
diffusivities at the room temperature.
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